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As temperature of t ← m transformation on heating
CCD charge-coupled device
CVD chemical vapour deposition
DC direct current
EDXS energy-dispersive X-ray spectroscopy
EELS electron energy-loss spectroscopy
FIB focused ion beam
HAADF high-angle annular dark-field
HRTEM high-resolution transmission electron microscopy
MLLS multi-linear least squares
Ms temperature of martensitic t → m transformation on cooling
PLD pulsed laser deposition
PSZ partially stabilized zirconia
RTA rapid thermal annealing
SA selected area
SAED selected-area electron diffraction
SEM scanning electron microscopy
SOFC solid oxide fuel cell
SRO short-range ordering
STEM scanning transmission electron microscopy
TEM transmission electron microscopy
TNP tetragonal nanoscaled precipitate
XRD X-ray diffraction
YDZ Y2O3-doped ZrO2
8YDZ 8.5mol% Y2O3-doped ZrO2
10YDZ 10mol% Y2O3-doped ZrO2
iv
ZA zone axis
c-YDZ cubic equilibrium YDZ phase
t-YDZ tetragonal equilibrium YDZ phase
t’-YDZ metastable tetragonal YDZ phase
t”-YDZ metastable tetragonal YDZ phase
m-YDZ monoclinic equilibrium YDZ phase
YSZ Y2O3-stabilized ZrO2, indicates the stabilization of YDZ in the cubic
phase at room temperature
c-ZrO2 cubic form of ZrO2
c’-ZrO2 metastable tetragonal YDZ phase, old name for t”-YDZ
t-ZrO2 tetragonal form of ZrO2




2.1 Properties of Yttria-Doped Zirconia . . . . . . . . . . . . . . . . . . . 5
2.1.1 Zr0.83Y0.17O2− as Solid Electrolyte Material . . . . . . . . . . 5
2.1.2 Phase Diagram of the Y2O3–ZrO2 System . . . . . . . . . . . 11
2.1.3 Electrical Properties of Studied Specimens . . . . . . . . . . . 22
2.2 Experimental Techniques . . . . . . . . . . . . . . . . . . . . . . . . . 26
2.2.1 Equipment . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 26
2.2.2 Quantitative EDXS . . . . . . . . . . . . . . . . . . . . . . . . 27
2.2.3 Quantitative EELS . . . . . . . . . . . . . . . . . . . . . . . . 29
3 Experimental results 37
3.1 Specimens . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 37
3.1.1 Microcrystalline 8YDZ . . . . . . . . . . . . . . . . . . . . . . 37
3.1.2 YDZ Thin Films . . . . . . . . . . . . . . . . . . . . . . . . . 38
3.1.3 Y2O3/ZrO2 Reference Nanoparticles . . . . . . . . . . . . . . 39
3.1.4 Reference Specimens for Raman Spectroscopy . . . . . . . . . 43
3.1.5 Sample Preparation for TEM . . . . . . . . . . . . . . . . . . 43
3.2 Microcrystalline 8YDZ . . . . . . . . . . . . . . . . . . . . . . . . . . 44
3.2.1 Crystal Structure . . . . . . . . . . . . . . . . . . . . . . . . . 44
3.2.2 Phase Distributions . . . . . . . . . . . . . . . . . . . . . . . . 45
3.2.3 Volume Fraction of Tetragonal YDZ . . . . . . . . . . . . . . . 49
3.2.4 Chemistry on the Nanoscale . . . . . . . . . . . . . . . . . . . 53
3.2.5 Raman Spectroscopy . . . . . . . . . . . . . . . . . . . . . . . 74
3.3 Nanocrystalline YDZ . . . . . . . . . . . . . . . . . . . . . . . . . . . 77
3.3.1 Microstructure . . . . . . . . . . . . . . . . . . . . . . . . . . 77
3.3.2 Structure . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 85
3.3.3 Chemistry . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 88
4 Discussion 93
4.1 Microstructural Evolution and Decomposition of 8YDZ . . . . . . . . 93
4.1.1 As-Sintered 8YDZ . . . . . . . . . . . . . . . . . . . . . . . . 94
4.1.2 Decomposition of 8YDZ . . . . . . . . . . . . . . . . . . . . . 98
4.1.3 Correlation of Chemical Decomposition and Decrease of Ionic
Conductivity . . . . . . . . . . . . . . . . . . . . . . . . . . . 101
4.2 Nanocrystalline YDZ . . . . . . . . . . . . . . . . . . . . . . . . . . . 103
4.2.1 Microstructure . . . . . . . . . . . . . . . . . . . . . . . . . . 104
v
4.2.2 Chemistry . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 106
4.2.3 Crystal Structure . . . . . . . . . . . . . . . . . . . . . . . . . 107
4.2.4 Decomposition . . . . . . . . . . . . . . . . . . . . . . . . . . 107





Working Principle of Solid Oxide Fuel Cells
The function of fuel cells can be defined as a galvanic cell, in which the reagents
and the products of the redox reaction are continuously supplied and removed [1,2].
Thus, chemical energy can be directly converted into electrical energy at high effi-
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Figure 1.1: Functional scheme of a SOFC
in Fig. 1.1. The reagents, air at the cathode and fuel (H2 or hydrocarbons) at the
anodic side of the cell, are separated by an O-ion conducting ceramic membrane, the
solid electrolyte, e.g. Y2O3-doped ZrO2 (YDZ), in order to split the redox reaction
into the part reactions, i.e., the reduction of oxygen (taking up of electrons) and the
oxidization of hydrogen (release of electron). The chemical potential difference of
the oxygen partial pressure between both electrodes initiates the driving force for
oxygen compensation through the O2−-conducting electrolyte.
The porous mixed ionic-electronic conducting cathode, e.g. (La, Sr)(Co, Fe)O3−,
facilitates the dissociation and reduction of oxygen as well as the incorporation
of oxygen ions into the electrolyte. The oxidization of fuel takes place close to the
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triple-phase boundaries at the electrolyte-anode interface, where the O2−-conducting
phase (electrolyte grains) meets the electron conducting component of the anode,
e.g. Ni, as well as the gas phase containing the fuel and the redox products. Hence,
the length of these active sites determines the electrochemical performance of the
anode.
Due to the exclusive ionic conductivity of the electrolyte the electrons, which are
carried from the cathode to the anode by the oxygen ions, are compelled to flow
through an outer circuit to perform electrical work.
This work is focussed on the properties of the O2−-conducting electrolyte, i.e. YDZ,
as part of the fuel-cell system.
Y2O3-doped ZrO2 as Electrolyte Material
Although many metal-oxide and rare-earth oxide compositions have been examined
as ionic conductors during the past decades, zirconia-based materials are still the
most common electrolytes at present. The reasons are their beneficial mechanical
and electrical properties for SOFC applications and the allegedly well-understood
material properties of polycrystalline Y2O3-doped zirconia.
The system Y2O3–ZrO2 has been extensively studied for more than 50 years [3–6].
Most of the early publications deal with YDZ as structural ceramic material at vari-
ous Y contents (mainly below 7mol% Y2O3), as periodically reviewed by Garvie [7],
Heuer [5] and Rühle [6]. Nevertheless, oxygen-ion conductivity of YDZ was already
observed in 15 at% Y2O3-doped ZrO2 by W. Nernst in 1899 [8].
Due to its outstanding mechanical properties depending on the yttrium content
and thus the microstructure in combination with the conductivity for oxygen ions,
8.5mol% Y2O3-doped ZrO2 (8YDZ) has been established as one of the most com-
monly used electrolyte materials for SOFC applications for many years.
Degradation Phenomenon
However, it is a well-known phenomenon that the ionic conductivity of 8YDZ de-
creases significantly within less than a few 1000 hours at high operating temperatures
of 800–1000 °C [9–15]. This degradation as one reason has impeded the commercial-
ization of SOFCs on a big scale until today. However, numerous experimental and
theoretical studies have not yet completely clarified the degradation process. Var-
ious causes for the degradation of YDZ electrolytes in SOFCs have been proposed
in the literature. This will be outlined in detail in § 2.1.1. Several studies have
particularly been focussing on the effect of microstructural decomposition of 8YDZ.
But experimental evidence of the chemical decomposition has not been given yet.
To contribute to the understanding of the decrease of ionic conductivity is one of the
aims of this work. Furthermore, the phase diagram of YDZ is still under discussion.
This is mainly due to the complexity caused by the numerous stable and metastable
phases of YDZ. From the experimental results additional information on boundaries
for the chemical and microstructural stability of YDZ as solid electrolyte is derived.
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Potential of Nanocrystalline Thin Films
The decrease in physical dimensions down to the nanometre scale is often linked
with a dramatic change of the physical and electrochemical properties of materi-
als. Enhanced ionic conduction in nanocrystalline films, if it occurs, is attributed
to the grain boundaries. Grain boundaries are regarded as possessing high defect
densities and/or enhanced mobilities. Moreover, the adjoining space-charge regions
may hold increased ionic defect densities. Positive space charges may lead to an
increased oxygen-vacancy density at the grain boundaries. These effects offer a po-
tential means for increasing the ionic conductivity particularly in nanostructured
materials with a very high fractional volume represented by the grain boundaries.
Nanostructured thin-film electrolytes in anode-supported cells may therefore be able
to reduce the portion of ohmic losses significantly.
The use of nanostructured ionic and mixed ionic-electronic conducting materials
within fuel cells may facilitate lower operating temperatures and thus enhanced
long-term stability of the cells. However, thorough studies of the thin-film process-
ing, the structural and chemical stability of the thin films as well as the transport
characteristics and electrochemical properties are necessary to gain an understand-
ing, which is prerequisite for the utilization of nanoionics effects.
The advantages of nanocrystalline YDZ electrolytes, i.e., the enhanced ionic con-
ductivity of YDZ on the nanoscale, is still controversially discussed in literature as
outlined in detail in § 2.1.1. Hence, the second part of this work is to study the
properties of YDZ on the nanoscale. Therefore nano- and microcrystalline YDZ
thin films have been characterized with particular emphasis on the aspects that are
relevant for the reliable interpretation of the electrical results.
Goal of this Work and Outline
As mentioned above the degradation of ionic conductivity of common 8.5mol% YDZ
electrolytes is still an obstacle. Several reasons are proposed to cause this degrada-
tion of the material. One is the microstructural as well as chemical decomposition
of the material as outlined in § 2.1.1. Emphasising on the microstructural decom-
position, the goal of this work is to visualize the compositional inhomogeneities in
8YDZ after the operation at high temperature by analytical as well as imaging TEM
techniques on the nanoscale. This would contributed to the clarification of the de-
crease of ionic conductivity of 8YDZ.
For the development of SOFC systems in the intermediate-temperature regime of
500 °C < T < 750 °C, nanoscaled thin films are of substantial interest. The second
goal of the present work is the study of the role of interfaces, grain size and porosity
in nanoscaled electrolyte. Thereto, thorough investigation of the structural, mi-
crostructural as well as chemical properties of the thin films are performed to derive
an understanding of their charge-carrier transport. Scanning electron microscopy
as well as analytical transmission electron microscopy have been utilized to study
all relevant aspects of the prepared thin films. Since these thin films with varying
mean grain size were prepared by an chemical deposition technique, the preparation
only required heat treatments at intermediate temperatures in contrast to sintering
of green bodies as used for the preparation of thick-film electrolytes. Hence, this






The first part of this chapter comprises the electrical (§ 2.1.1) as well as the structural
(§ 2.1.2) properties of Y2O3-doped ZrO2 (YDZ) with emphasis on the application as
solid-electrolyte material. After a short summary of the theory of diffusion in solid
electrolytes, i.e., ionic conduction, the investigated stoichiometry of Zr0.83Y0.17O1.915,
i.e. 8.5mol% Y2O3-doped ZrO2 (8YDZ), is motivated. The following two open ques-
tions related to the use of 8YDZ in fuel cells will be outlined. The obstacle of the
degradation of the ionic conductivity of 8YDZ during operation at high temperatures
on the time scale of several hundreds to thousands of hours is still not satisfyingly
clarified. The second issue is the ionic conductivity of nanocrystalline YDZ, which
is proposed to have improved electrical properties in comparion to microcrystalline
8YDZ.
The amount of Y in YDZ does not only influence the transport properties of the
material. Moreover, it governs the crystal structure and thus the final microstruc-
ture of the YDZ material. Therefore, the second part of this chapter deals with
the complicated Zr-rich side of the Y2O3-ZrO2 phase diagram. The present discrep-
ancies will be outlined in detail since these are important for the discussion of the
experimental findings of this study. Special emphasis is put on the various phases
which may occur in the targeted range of Y contents. The literature overview given
is not intended to be exhaustive, since numerous publications have been published
on the different issues. The important ones are discussed selectively.
2.1 Properties of Yttria-Doped Zirconia
2.1.1 Zr0.83Y0.17O2− as Solid Electrolyte Material
Yttria-doped zirconia materials are well suited as electrolytes due to their high ionic
conductivity for state-of-the-art electrode-supported SOFCs. Moreover, the negli-
gible electronic conductivity even under reducing atmosphere, the electrochemical
stability as well as the mechanical properties of YDZ facilitate the use in fuel-cell
applications.
W. Nernst already demonstrated high oxygen-ion conductivity in zirconia–magnesia–
silica solid solutions in the 1890s [8] under AC and DC conditions, using platinum-
wire electrodes. As discussed in his early publication from 1899 [8], he clearly
ascribed the electrical conductivity of his specimens at high temperatures to the
transport of oxygen ions through the ceramic material in oxygen-containing or wet
5
environments. In the steady-state DC reaction in air he observed a slight but stable
reduction of the ceramic solid solutions on the cathodic side, while this phenomenon
was not observed in AC experiments. From these observations he concluded a loop
of oxygen-ion transport including the incorporation of oxygen on the cathodic and
the release of oxygen ions on the anodic electrode. Furthermore, W. Nernst dis-
cussed that the conductivity of mixtures of the used materials was much higher in
comparison to the conductivity of the pure materials. This obviously has to be at-
tributed to the presence of extrinsic defects in the material mixtures in addition to
intrinsic ones.
In the following theoretical discourse about ionic conductivity in such materials, the
aspects essential for the discussion are briefly outlined. For a more detailed intro-
duction, the interested reader is referred to the related PhD thesis of C. Peters [16].
The Kröger–Vink notation for lattice elements and point defects in crystal structures
is used [17] in order to describe the atomistic reactions related to the replacement
of Zr by Y.
Ionic Conductivity
According to current knowledge, ionic transport (oxygen ions) in zirconia-based
electrolytes is facilitated by extrinsic vacancies on the anionic sublattice. These are
induced by doping of ZrO2, which means by the replacement of Zr
4+ by cations
(M=Y, Sc, Ca, Mg and others) with lower oxidation states (M3+, M2+) but suitable
ionic radii. This conclusion of a completely filled cationic but a deficient anionic
sublattice was drawn early by F. Hund in 1951 [18].
For this work, the doping with Y3+ ions is essential since Y2O3-doped ZrO2 is still,
in addition to Sc-codoped zirconia, one of the most commonly used electrolyte ma-
terials for high- and intermediate-temperature SOFC applications.
Y2O3 −→ 2Y′Zr + 3OxO +V∙∙O (2.1)
The oxygen vacancies then arise from charge neutrality of the crystal according to
Eq. 2.1. In this equation, Y′Zr represents the Y ions on regular cationic sites (instead
of Zr4+ ions) with a relative charge of -1. OxO stands for oxygen ions on regular
oxygen sites and V∙∙O represents the double positively charged (with respect to the
charge of regular oxygen ions) oxygen vacancies. Thus, two dopant Y ions are nec-
essary to introduce a single oxygen vacancy. The concentration of vacancies on the
anionic sublattice can be calculated from the concentration of Y ions on the cationic





The concentration of thermally induced intrinsic defects in contrast is negligible in
the targeted temperature range, which explains the low conductivity of pure zirconia.
The conductivity as a product of charge-carrier concentration and mobility not only
depends on the total concentration of the oxygen vacancies [V∙∙O ]. Furthermore, it
depends on the mobility of the oxygen ions or rather of the oxygen vacancies on the
anionic sublattice as well as along the grain boundaries (in polycrystalline material).





Figure 2.1: Conductivity of YDZ depending on Y2O3 content and temperature,
redrawn after Strickler & Carlson [19].
linear increase of ionic conductivity with increasing Y content. However, in contrast
to this expectation, the system exhibits a maximum of ionic conductivity followed
by the decrease of ionic conductivity with further increasing Y doping as shown in
the following.
The mobility, however, is determined by the affinity of the dopant cation to form
clusters, by the ion radius of the cation with respect to the host lattice, and by the
microstructure of the compound consisting of grains, internal interfaces (e.g. grain
boundaries, pores, cracks).
Maximum of Ionic Conductivity of YDZ
Early systematic studies on the DC conductivity of polycrystalline YDZ with respect
to Y content and temperature were performed by Dixon et al. [20] and Strickler &
Carlson [19]. Both groups found a maximum of conductivity for YDZ at 1000 °C
(0.16 Scm−1 [20], 0.10 Scm−1 [19]) at about 8–9mol% Y2O3, which was confirmed
by Casselton [21] (0.13 Scm−1) and Gibson, Dransfield & Irvine [22] (0.16 Scm−1)
for the same temperature. The experimental data presented in the publications
by Dixon et al. [20], Strickler & Carlson [19], and Casselton [21] is summarized in
Fig. 2.1, where the maximum of conductivity can be recognized at this dopant con-
tent nearly independent on temperature. This is close to the low-yttria boundary
of the cubic YDZ field at lower temperatures as will be discussed later (cf. § 2.1.2,
page 21).
Hence, 8mol% Y2O3-doped ZrO2, which was considered to be pure cubic at that
time, was established as compromise electrolyte material with sufficiently high (re-
garding the cubic stabilization) but as low as possible (maximum of ionic conduci-
tivity) Y content in the 1980s. In contrast, Gibson et al. [22] found the maximum
of ionic conductivity at 7mol% Y2O3.
While the increase of conductivity below 8.5mol% can be understood by the increase
of oxygen vacancies induced by the Y ions, the formation of various types of clusters
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(also called complexes, associates, defects) between V∙∙O and the Y
3+ and Zr4+ ions
is discussed as a reason for the decrease of of the initial conductivity of YDZ with
higher Y contents, as depicted in Fig. 2.1 [23–28].
Degradation of Ionic Conductivity of 8YDZ Electrolytes
It has turned out early during long-term stability experiments that the conductivity
of 8–9mol% YDZ significantly decreases within few thousand hours during opera-
tion at temperatures of about 1000 °C. Indications for the degradation were found
by Strickler & Carlson [19] and Baukal [29] in cubic stabilized 9mol% YDZ. In
these early studies, the reasons for the decrease are only vaguely discussed, since
experimental data on microstructure and chemistry are sparse. Impedance spec-
troscopy was not yet utilized by the investigators in order to separate grain and
grain-boundary contributions to the overall conductivity of the studied materials.
State of knowledge is a decrease of ionic conductivity of 8.5mol% YDZ by about
40% after 2500 h at 950 °C [15]. For 8mol% YDZ, a decrease of 40% has been
reported after 1000 h at 1000 °C [9,13,14]. Comprehensive investigations on the rea-
sons for the degradation phenomenon has been performed by several groups (Ciacchi
et al. [30, 31], Kondoh et al. [9, 32–34], Appel et al. [10], Balakrishnan et al. [11],
Hattori et al. [12, 13], Haering et al. [14], and Butz et al. [15, 35]).
As will be outlined in the following section, various microstructural and chemical
changes in YDZ have been discussed and proposed to induce the decrease during
operation. However, experimental evidence for most of them is relatively sparse or
missing. Second, misinterpretations of experimental findings as well as inappropriate
choice of experimental techniques have led to inconsistencies regarding the explana-
tion of the degradation phenomenon. While in the early studies on the degradation,
impurity segregation may have had played a major role, diverse reasons have been
discussed in recent decades as will be outlined later.
From impedance spectroscopy it is known that the degradation of highly pure 8YDZ
has to be attributed to an bulk mechanisms. This technique allows to distinguish
between bulk and grain-boundary contributions to the overall impedance. Several
groups clearly have demonstrated an increase of the bulk impedance, while the grain-
boundary contribution has been found to remain unchanged after ageing at about
1000 °C [11,15,31].
Various possible causes for degradation of the bulk conductivity of 8YDZ were sug-
gested. From the theoretical point of view, both the decrease of the concentration
of mobile minority charge carriers and/or their mobility must cause the decrease of
conductivity during heat treatment. Thus, different explanations are deduced from
experimental findings by the groups who have dealt with this problem:
• Phase separation/decomposition:
As the first one, Baukal discussed the possible decomposition and phase sepa-
ration of 9mol% YDZ in the c+t two-phase field into less-conducting c-YDZ
and t-YDZ (cf. § 2.1.1) in 1969 [29]. But from XRD powder diffractograms he
excluded the phase separation of his investigated specimens, since he had not
observed additional reflections due to non-fluorite type phases. Ciacchi et al.
took this question about phase separation up again in 1991 [30, 31], when a
lot of microstructural studies on phase transformations and the resulting mi-
crostructures in the system were performed by TEM in the 1980s (cf. § 2.1.2,
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page 17). They identified the precipitation of t-YDZ during heat treatment
at 1000 °C for 2000 h as the main reason for degradation of ionic conductivity
in 8mol% YDZ. The distribution of the phase was visualized by dark-field
TEM imaging using intermediate magnifications. The authors stated the size
of t-YDZ after the heat treatment to be about 6 nm. Neither any analyti-
cal evidence for the decomposition of 8mol% YDZ accompanying the phase
separation nor any change of the lattice parameters of the tetragonal regions
with respect to the cubic phase, which has to be expected for the c → c+t
transformation (cf. § 2.1.2, page 17), is given in the manuscript [30].
• Oxygen-ion displacement, formation of t”-YDZ:
Similar tetragonal-type regions were found by Balakrishnan et al. [11] after
annealing 8mol% YDZ at 1000 °C for 1000 h. From dark-field imaging and
electron diffraction, they concluded the formation of 10–30 nm regions, which
they interpreted in terms of the precipitation of t”-YDZ. Since no evidence
for the formation of this phase was found by XRD, they utilized Raman spec-
troscopy to detect the appearance of tetragonal-type Raman modes during
annealing.
They speculated that these regions with displaced oxygen-ion sites in t”-YDZ
may have a negative impact on the mobility of oxygen vacancies, leading to the
degradation of ionic conductivity of the material. But no information is given
on the identification of the t”-YDZ phase. The estimated size of the tetrago-
nal regions from the presented dark-field image appears doubtful because the
TEM sample thickness in the investigated regions seems to be too thick to
separate single regions. Signal averaging due to the intermediate TEM sample
thickness may have had caused an overestimation of the size of the coarsened
regions because overlapping regions cannot be distinguished in the projected
image intensity. Hattori et al. [12, 13] came to similar conclusions regarding
the formation of t”-YDZ.
• Short-range ordering:
Local changes of the crystal structure on the scale of a few atoms, named
short-range ordering (SRO), were stated to cause the decrease of conductivity
of 8mol% YDZ by Kondoh et al. [9, 32–34]. They proposed the local clus-
tering of oxygen vacancies during heat treating YDZ, as it has been found
in highly doped YDZ. Such clustering would result in the local trapping of
vacancies. This means that these vacancies with increased binding energies
may not contribute any more to ionic conduction of the material [14, 32, 33].
In summary, most of the proposed explanations for the degradation are still contro-
versially disputed since experimental proof for them is lacking. Hence, this problem
is not yet clarified completely. In order to demonstrate the chemical decomposition
of heat-treated (after the degradation) 8YDZ in the c+t two-phase field analytical,
TEM on the nanoscale was utilized.
Reduction of Particle Size: Nanoionics
The second issue of this study, closely related to the above-mentioned one, is the
grain-size dependency of the ionic conductivity of 8YDZ. In general, Tuller [36, 37]
9
and Maier [38–43] pointed out that a substantial reduction of the mean grain size
of ionic conducting materials to the nanoscale may lead to an enhanced ionic con-
ductivity through grain-boundary charging effects.
Answering this question, one has to distinguish between two different types of size ef-
fects [39]. Trivial effects, which equally occur in microcrystalline as well as nanocrys-
talline materials, are augmented by the high interfacial density, i.e. grain-boundary
density, in nanocrystalline materials. The modification of grain-boundary properties
on the nanoscale by varying segregation of impurities and/or dopant cations to the
grain boundaries also counts as a trivial size effect. As true size effect, the intrinsic
modification of the local physical properties of the grain-boundary regions due to
the superposition of the space-charge layers of grain boundaries is mentioned by
Maier [39]. This would even lead to enhanced conduction perpendicular to the grain
boundaries compared to the microcrystalline material. A more detailed overview of
the theory of the proposed space-charge model in ionic conductors can be found in
various publications by Maier, Fleig, and Tuller.
As indicated in the following part, various chemical as well as physical deposition
techniques have been utilized to prepare nanocrystalline YDZ thin films on various
types of substrates. The development of partially stabilized YDZ films for the use
as thermal barrier coatings (TBC) was intensified by NASA (National Aeronautics
and Space Administration, USA) at the end of the 1970s, as outlined by Miller
et al. [44]. The activities to prepare cubic stabilized YDZ thin films for electrode
supported fuel cells have expanded within the last decade [45–69]. Most of the pub-
lications are mainly based on few results obtained from XRD or SEM as common
techniques, which can be easily conducted without complicated sample preparation.
Combined XRD and SEM analyses to obtain information on film quality, i.e. adhe-
sion and presence of cracks, film thickness, grain size, crystal structure, and degree
of crystallinity, have been conducted by few groups [46,50,51,63,64,69]. But detailed
microstructural, structural, and chemical characterization by TEM is unusual. This
may be attributed to the complicated sample preparation as well as the complexity
of the techniques. Only Ning et al. [70] and Briois et al. [67] have presented compre-
hensive TEM results of their 4.5mol% YDZ and 8mol% YDZ thin films prepared
by plasma spraying and DC magnetron sputtering, respectively.
For Y2O3-doped ZrO2 around 8.5mol% Y2O3, an enhanced conductivity with de-
creasing mean grain size and thus drastically increased fraction of grain-boundary
related volume has been reported by several groups. Kosacki et al. [52] reported
for nanocrystalline YDZ, prepared by spin coating using a polymer precursor, an
increase of two orders of magnitude in conductivity compared to polycrystalline and
single crystalline YDZ. In a later work, Kosacki et al. [57] observed significantly en-
hanced electrical conductivity of highly textured 10mol% YSZ thin films (thickness
t < 60 nm) deposited onto MgO substrates by PLD. Similar effects of enhanced oxy-
gen diffusion in nanocrystalline 6.9mol% YDZ specimens were reported by Knöner
et al. [55] who found an increase by three orders of magnitude of oxygen diffusion
along the grain boundaries of DC cosputtered YDZ compared to the bulk.
Mondal et al. [50] measured enhanced specific grain-boundary conductivity in nano-
crystalline tetragonal 1.7mol% and 2.9mol% YDZ in comparison to microcrystalline
material, which they attributed to grain-size dependent limited segregation of block-
ing impurities in the nanocrystalline specimens [47, 50]. Similar findings regarding
minimized segregation of blocking impurities are published by Kosacki et al. [49].
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Compared to bulk 8YDZ, Park et al. [64] attributed the lower conductivity of 8YSZ
thin films, prepared by magnetron cosputtering of Zr and Y, to poor crystallinity
and enhanced grain-boundary blocking. These explanations for the decreased con-
ductivity are only mentioned in the manuscript. Similar results were published by
Xia et al. [51], who found very low conductivity of gas-tight 8YDZ thin films pre-
pared by a sol-gel based route. The decrease of ionic conductivity in nanocrystalline
8YDZ with respect to microcrystalline 8YDZ (one order of magnitude) was also
observed by Seydel [71], who utilized chemical vapour deposition (CVD) to prepare
dense YDZ thin films on Ni/YDZ anode as well as LSM cathode substrates. Ra-
mamoorthy et al. [72] reported the shift of the maximum of the ionic conductivity
of nanocrystalline YDZ towards lower dopant contents, i.e., 3mol%.
In contrast, Joo & Choi [63], Chen et al. [46] reported similar conductivity of their
prepared thin films with 7.5mol% and 8mol% Y2O3, respectively, in comparison to
microcrystalline material.
The role of impurity segregation and interfacial contribution is inconsistently ob-
served (cf. § 2.1.2, page 20). Some groups have suggested that an intergranular
siliceous phase accounts for the very low grain-boundary conductivity (cf. § 2.1.2).
In summary, the role of internal interfaces, i.e. grain boundaries, in YDZ is still con-
troversially discussed. A thorough structural, microstructural, and chemical char-
acterization of the investigated specimens, which is missing in most publications, is
indispensable in order to interpret the electrical characterization. To reliably deter-
mine the specific grain-boundary and bulk conductivity, comprehensive knowledge
of not only the grain-boundary density but also porosity, pore-size and grain-size
distributions, and the distribution of the present phases is essential. As will be
shown, even the crystal structure and local chemistry in the grains can have a
strong influence on bulk conductivity.







Y2O3-doped zirconia is one of the most relevant structural ceramic materials for
high-temperature applications, e.g. thermal-barrier coatings, due to its outstanding
mechanical and chemical properties. This is best exemplified in the publication of
Garvie et al. [7] that carries the pictorial title Ceramic steel?. Especially partially
stabilized zirconia (PSZ) and completely stabilized zirconia with Y2O3 contents in
the zirconia-rich region of the phase diagram have been intensively studied for more
than a century.
The stabilization of the cubic high-temperature phase at room temperature at Y
contents ≥ 8.5mol% has been stated by many authors. As it has turned out in
recent studies on namely cubic stabilized 8YDZ, the addition of 8.5mol% Y2O3,
which is used for this study, is not sufficient to completely stabilize YDZ in the
cubic structure. For a thorough discussion of the experimental findings of this work,
a detailed summary about the known phases of ZrO2-rich (< 10mol% Y2O3) YDZ,
their transformation behaviours and the resulting microstructures is indispenseble.
In order to summarize the aspects of the YDZ phase diagram, a schematic drawing
of the Zr-rich regions of the Y2O3–ZrO2 phase diagram is given in Fig. 2.2.
Early crystallographic studies of namely pure ZrO2 are summarized by Ruff &
Ebert [74]. Due to the difficulty of obtaining highly pure zirconia at that time,
strong discrepancies arose regarding the crystal structure of this material, as out-
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Figure 2.2: Schematic drawing of the Y2O3–ZrO2 phase diagram in the zirconia-rich











Zr4+ (0.2754, 0.0395, 0.2083)
O2- (0.0700, 0.3317, 0.3447)
O2- (0.4496, 0.7569, 0.4792)
[75]
c-Y2O3 ac=1.0604 Ia3
Y3+(1) (0.2500, 0.2500, 0.2500)
Y3+(2) (0.9672, 0.0000, 0.2500)





Zr4+, Y3+ (0, 0, 0)
O2- (0.25, 0.25, 0.25)
[72,
77]








Zr4+, Y3+ (0, 0, 0)
O2- (0, 0.5, 0.237)
[77]
Table 2.1: Structure data of ZrO2, Y2O3, and YDZ phases.
lined in that publication. In a few studies, pure zirconia was found to be of cubic
structure at room temperature [75]. But it seems to be more likely that impurities
(e.g. calcia, magnesia, and others), which had been assumed to influence the crystal
structure, may have had a stabilizing effect on the cubic high-temperature phase as
known nowadays.
According to the phase diagram (Fig. 2.2), pure zirconia exhibits three stable crys-
tal structures depending on temperature: At high temperatures, ZrO2 is cubic (c-
ZrO2, space group Fm3̄m), while it is tetragonal (t-ZrO2, space group P42/nmc)
at intermediate temperatures. At lower temperatures, zirconia transforms into the
monoclinic (m-ZrO2, space group P21/c) phase.
Pure Y2O3 is cubic (Y2O3, space group Ia3) below 2300 °C. Table 2.1 comprises
crystal-structure data of pure Y2O3 and ZrO2 as well as of various phases of YDZ
used for simulations and discussion in the present study. Both polymorphs of ZrO2,
which can be found at lower temperatures, m-ZrO2 and t-ZrO2 have been described
early, as summarized by Ruff & Ebert [74]. The crystal structure of pure m-ZrO2
was refined by McCullough & Trueblood [76]. Smith & Newkirk [77] and Hann [78]
confirmed these lattice parameters with slightly higher precision.
Polymorphism of ZrO
2
The tetragonal form of zirconia (t-ZrO2) is described as a slightly deformed fluorite-
type cell [79]. A first detailed crystallographic study of the tetragonal form of zirco-
nia was presented by Teufer [79], who described the unit cell of the tetragonal form
by a distorted oxygen sublattice (shift from the original positions of oxygen ions
in the cubic unit cell along c-direction), while the cationic positions of the pseudo-
fluorite cell are unchanged (Teufer -cell). This pseudo-fluorite cell is schematically
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Zr ionsO ions
Figure 2.3: Schematic drawing of the tetragonal unit cell (Teufer -cell) of ZrO2 (left)
in comparison to the fluorite-type structure (right) of the cubic form of ZrO2, for
better visualization the shift of the oxygen ions is exceedingly shown.
shown in Fig. 2.3, where the shift of the oxygen ions along the c-axis is slightly am-
plified for better visualization. He reported a ratio ct
at
≈ 1.02 at 1250 °C [79].
The martensitic transformation (shear-type) t↔ m at lower temperatures, which is
characterized by a large thermal hysteresis between Ms (martensitic start tempera-
ture, on cooling) around 1000 °C and As (in analogy to the transformation in steel:
austenitic start temperature, on heating) around 1200 °C [74,80–84]), is described by
several steps of atomic rearrangements within the unit cell [80, 81, 85]. It is accom-
panied by an increase of the volume of the unit cell (t → m) and thus the volume
of the transforming individual grains in polycrystalline zirconia. Therefore, it was
identified as the reason for rupture of pure ZrO2-made pieces [74]. Depending on
heating and cooling rates, the coexistence of t-ZrO2 and m-ZrO2 has been found by
several authors, as summarized by Subbarao et al. [86]. A systematic study on the
nature of the transformation by TEM including comprehensive crystallographic as-
pects was presented by Bansal & Heuer [87,88]. They directly showed the similarities
of the transformation in ceramic ZrO2 to the transformation, which is well-known
for Fe-based alloys and steel.
This transformation is more sluggish than the c ↔ t transformation (cf. Fig. 2.4),
caused by the developing strain that strongly affects the rate of transforming grains
in the material.
As result, considerable disagreement about the transformation temperature in the
range of about 1000–1200 °C exists among the reported values, as summarized by
Patil & Subbarao [81] and Yashima and co-workers [89].
The existence of the fluorite-type high-temperature phase was verified by Smith &
Cline [90] at temperatures above 2285 °C applying high-temperature XRD. Rouanet
[91] observed a slightly higher temperature of 2340 °C for the reversible transforma-
tion of c-ZrO2 into t-ZrO2(c ↔ t), which still holds today.
A comprehensive summary of the m↔ t and t↔ c transformation temperatures of
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pure ZrO2 can be found in the publication on theoretical modelling of the Y2O3–ZrO2
system presented by Chen et al. [92]. Indications for the occurrence of metastable
phases even in pure zirconia were reported by Garvie [93] who attributed the preser-
vation of the tetragonal form at lower temperatures in fine-grained ZrO2 to the
small size of the crystallites and thus high interfacial energy, which would accom-
pany the phase transformation to the monoclinic structure. As will be shown, such
size-dependent stabilization plays a key role in the explanation of the outstanding





A detailed XRD study of pure Y2O3 single crystals by Paton & Maslen [94] has re-
vealed face-centred cubic structure for Y2O3. This structure of Y2O3 as sesquioxide
(M2O3) is similar to the cubic rare earth oxide structure that is known for most
rare-earth oxides [95]. The structure was confirmed by following investigations [96].
Miscibility Gap
Since the solvuses of Y ions in t- and m-ZrO2 are limited to a few mol%, a miscibility
gap exists in the zirconia-rich region of the Y2O3–ZrO2 system, as depicted in the
phase diagram (Fig. 2.2). Necessarily, two-phase fields (t+m, c+t, c+m) arise, in
which the respective phases are expected to coexist in thermodynamic equilibrium
with volume fractions according to the lever rule.
With increasing Y content, the temperature of the c↔ c+t transformation decreases.
If a sufficient amount of Y2O3 is added, the cubic high-temperature phase may be
stabilized at room temperature, as indicated on the right-hand side of Fig. 2.2. The
transformation of t-YDZ into m-YDZ has been reported to appear at lower temper-
ature than in pure zirconia.
Phase Diagrams
Numerous revised phase diagrams of the zirconia-rich region as summarized in
Fig. 2.4 have been published from the early 1950s until today, summarizing and
discussing the numerous studies on the ternary Y2O3–ZrO2 system [3,4,73,97–105].
Yashima et al. [89] discussed discrepancies, which had arisen, in depth. In addition,
they presented a comprehensive discussion about metastable phase transitions on
the basis of proposed Gibbs-free-energy functions to explain the occurrence of both
metastable phases t’-YDZ and t”-YDZ in this region of the phase diagram.
Both diffusion-controlled transformations c → c+t and c → c+m have been ob-
served to take place in a sluggish manner, because bulk self-diffusion of Y and Zr
on the cationic sublattice in YDZ is known to be very slow at temperatures below
1300 °C [106–111].
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Figure 2.4: Revised phase diagrams of the Y2O3–ZrO2 system, redrawn after
Yashima et al. [89].
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Nucleation and Growth of t-YDZ
The decomposition of c-YDZ during heat treatment in the c+t two-phase field is de-
scribed by a coherent precipitation mechanism combined with the growth of tetrag-
onal regions in the cubic matrix of the grains [82, 102, 112–116]. The molar volume
change during this transformation is nearly zero [113]. Hence, negligible strain ap-
pears during the transformation. The resulting modulated morphology [112] is of
lenticular t-YDZ precipitates coherently twinned with the Y-enriched cubic matrix,
the twin plan being {110}.
Most of the studies were performed at temperatures in the range of 1200–1600 °C
using YDZ with Y-contents in the range of about 4 to 7mol%. From these exper-
iments performed at temperatures above 1200 °C, the boundaries of the c+t phase
field were delimited as summarized by Heuer & Rühle [113].
Spinodal Decomposition
As competitive possibility in achieving thermal equilibrium during heat treatment
of c-YDZ in the centre of the c+t two-phase field, spinodal decomposition has been
observed by a few groups [117–120]. Direct evidence for the local variation of the Y
content by analytical TEM is only given for 6mol% YDZ by Katamura et al. [119]
and Shibata et al. [120] after heat treating their specimens at 1200 °C for 126 h.
The region of the chemical spinodal was predicted in the centre of the c+t two-phase
field by Suto et al. [102] and Sakuma et al. [117]. Due to the fact that spinodal de-
composition occurs in the compositional range between the two inflection points
next to the maximum of the Gibbs free energy function for a given temperature, i.e.
d2G
dX2
< 0, it has to be situated between the boundary lines of the two-phase field in
the phase diagram, which are described by the solvuses of Y in c-YDZ and t-YDZ.
Thus, this field has to be smaller than the c+t two-phase field.
Experimental studies to clearly define this region are relatively sparse, as outlined
above. Especially for temperatures below 1200 °C, no investigations have been pub-
lished. This is attributed to the low cation mobility and thus long time it takes to
carry out such experiments.
Martensitic Transformation c+t ↔ c+m
The dependency of the t → m transformation temperature (boundaries t — t+m
as well as c+t — c+m in Fig. 2.2) on the Y content was systematically studied by
Geller & Yavorsky [121] and Duwez et al. [97] who applied dilatometry, complex
thermal analysis, and high-temperature XRD. Both groups found reduced transfor-
mation temperatures of As ≈ 550 °C (on heating) and Ms ≈ 450 °C (on cooling) at
about 3mol% Y2O3 in comparison to pure ZrO2. According to Gibbs’ phase rule,
this temperature for the transformation was found to be constant between the c+t
and c+m two-phase fields. The hysteresis, i.e., the difference between Ms and As,
is retained in this range of Y contents [97, 98, 121].
Most of the following experimental studies [4,98–100,122] confirmed these tempera-
tures for the c+t → c+m transformation in the range of 500–700 °C up to 7.5mol%
Y2O3 [89, 122]. A higher transformation temperature around 1000 °C was theoret-
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Figure 2.5: Lattice parameters of t’-YDZ (
√
2at’, ct’) and c-YDZ (ac) vs. Y2O3
content (redrawn after Ref. [73,145]). The tetragonality of t’-YDZ calculated from
the given values of Scott [73] is plotted vs. Y2O3 content in the inset.
ically predicted by Degtyarev & Voronin [123, 124] and Yoshimura [103], but has
never been shown experimentally.
Depending on crystallite size and cooling rate, the transformation may be sup-
pressed, known as transformation toughening in pure and Y-containing ZrO2, leading
to a metastable state with outstanding mechanical properties [82,125–130], i.e. high
crack resistance and strength. This is due to the fact that the nucleation-controlled
transformation, suppressed by high strain-field energy in comparison to reaction en-
thalpy, is induced at the tip of cracks propagation through the material providing
favoured sites for the transformation. Since the transformation is accompanied by
an increase of volume of the material at the crack tip, any further propagation of
the crack is impeded.
Metastable Phase Transition c → t’
Since the decomposition of YDZ during cooling from the pure cubic phase field
through the c+t two-phase field is strongly limited by the mobility of the ions, rapid
cooling or quenching YDZ from high temperatures prevents the diffusion-controlled
reactions. Furthermore, c-YDZ diffusionlessly transforms from the c-phase into a
metastable tetragonal form of YDZ (t’-YDZ). Numerous studies on the instabil-
ity of t’-YDZ during heat treatment in the c+t two-phase field and the resulting
microstructures have been performed [105,112,131–144]. As indicated previously, t-
YDZ shows lattice parameters independent on the Y-content of YDZ in equilibrium
due to the solvuses of Y in t- and c-YDZ (given by the phase diagram). Metastable
t’-YDZ is characterized by lattice parameters, which depend on the Y content in the
YDZ material. Lefèvre [145] found the linear dependencies of the lattice parameters
of t’-YDZ, i.e., at’ and ct’, on the dopant content in the range of 2–6mol% Y2O3,




2at’ is given instead of at′ . The dopand range of 6.5–9mol% Y2O3
was in particular studied in detail by Scott [73], who found similar values for the
lattice parameters of t’-YDZ. In addition, they observed the coexistence of c-YDZ
and t’-YDZ in the dopant range of 6-6.5mol% Y2O3. While ct’ decreases,
√
2at’ in-
creases with increasing Y content. Both values asymptotically converge to the cubic
lattice parameter at about 8.5mol% Y2O3. Hence, the tetragonality ct’/
√
2at’ (in-
set in Fig. 2.5) decreases from 1.017 (2mol% Y2O3) to zero at about 8.5mol% Y2O3
(extrapolated value in Fig. 2.5). These findings for t’-YDZ have been confirmed with
excellent agreement by several authors [102, 137–139, 141] applying XRD measure-
ments. At Y contents higher than 7mol% [73,102,138,141], the existence of t’-YDZ
has never been shown, irrespective of the thermal history of the specimens. This
might be related to the low sensitivity of XRD, mainly used in these studies, for
the detection of small volumes and low volume fractions, if the phase is present at
slightly higher Y contents. Despite the measurable differences of the lattice param-
eters between t’-YDZ and c-YDZ in 6mol% and 6.5mol%, as shown in Fig. 2.5, the
calculated differences of the volumes of the unit cells for both given dopant contents
is less than 1‰.
The instability of t’-YDZ during heat treatment in the c+t two-phase field and the
consequent diffusional phase separation into c+t-YDZ was described by Scott [73].
Gibson & Irvine [144] estimated a maximum Y content, up to which t’-YDZ can
be expected to form. They heat-treated YDZ with various Y contents (3–7mol%
Y2O3) at 1500 °C in the c+t two-phase field to facilitate the decomposition. After
rapid cooling, they found constant lattice parameters for t’-YDZ independent on
the Y content. Furthermore, they observed volume fractions of the final phases ac-
cording to the lever rule. For that annealing temperature, the estimated solvus of Y
in t’-YDZ was ∼ 7.5mol%. Since the curvature of the c ↔ c+t boundary gives the
solvus of Y in c-YDZ, this value has to be expected to be higher at lower annealing
temperatures (higher solvus of Y in c-YDZ).
Metastable Phase Transition c → t”
A second metastable form of YDZ (t”-YDZ) with tetragonality ct”/
√
2at”=1 has
been found by Zhou et al. [141] in 8mol% Y2O3-doped ZrO2, who named the ob-
served form c’-ZrO2. At this Y content, the lattice parameters of the tetragonal
form coincide with the lattice parameter of c-YDZ, which also exists at this dopant
content.
They proposed a distorted oxygen sublattice similar to that of t’-YDZ. More detailed
studies on the c ↔ t” diffusionless transformation have been presented by Yashima
et al. [146–148]. The proposed crystal structure characterized by a distorted anionic
sublattice with shifted oxygen-ion sites was verified by Yashima [147] by means of
neutron diffraction. Furthermore, they studied the formation of t”-YDZ at dopant
contents in the range of 7–8mol% by Raman spectroscopy [148]. The coexistence of
t’-YDZ and t”-YDZ in the range of 6–8mol% Y2O3 has been described by Yashima,
Kakihana, and Yoshimura [89,147].
Since the tetragonality of t’-YDZ also converges to unity at about 8.5–9mol% (cf.
page 18) as it is characteristic for t”-YDZ, the discussion about the nature of any
tetragonal YDZ-phase in this range of Y contents has to be carried out very carefully.
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Thermodynamic Modelling
Thermodynamic modelling of the Y2O3–ZrO2 system has been performed by several
authors [92,123,124,149–154]. Due to the fact that most of the simulations are based
on thermodynamic data mostly obtained at temperatures above 1200 °C [92,123,124]
strong inconsistencies between the predictions in those publications and experimen-
tally observed phase boundaries exist, especially at temperatures of ≤1000 °C.
Amorphous Grain-Boundary Phases
An important issue for polycrystalline YDZ is the role of amorphous grain-boundary
phases, irrespective of the reason (impurity or sintering aid) for their presence, since
they have been shown to strongly influence not merely the mechanical, but rather
the electronic properties, i.e. ionic conductivity. It is sufficient to say that less or
non-conducting phases along grain boundaries will in general impede the transport
of oxygen ions perpendicular to the grain boundaries and thus through polycrys-
talline YDZ.
Since the solubility of Si and Al in the YDZ lattice is limited, glassy silica- and
alumina-containing phases are known to segregate at the grain boundaries during
the preparation of polycrystalline YDZ. Rühle et al. [155] and Schubert et al. [156]
have demonstrated the high solubility of Y in such glassy Si- and Al-containing
phases. Therefore, such phases may act as sinks for Y ions. This finally may lead to
inhomogeneities in the distribution of Y in the polycrystalline YDZ material [155].
The addition of alumina as sintering aid was found to facilitate faster densification
of Ca-doped ZrO2 [157] and Y-doped ZrO2 [158], resulting in smaller mean grain
sizes of the sintered materials.
Badwal et al. [158] have found a decreasing contribution of the grain boundaries
to the overall resistivity of their studied YDZ specimens, which may simply be due
to geometrical effects, i.e., a higher grain-boundary density in fine-grained YDZ.
No information on the specific resistivity of the grain boundaries depending on the
chemical composition and the thickness of the secondary grain-boundary phase is
given in the publication.
Depending on the chemical composition of any glassy phase, both, the enhance-
ment as well as the reduction of ionic conductivity in YDZ, are discussed in litera-
ture [33,157–163]. In general, the presence of Si-rich phases at the grain boundaries
is accepted to have a negative impact on ionic transport across and along grain
boundaries, while the influence of Al on the specific grain-boundary conductivity is
much smaller. In order to prevent the complete wetting of glassy SiO at the grain
boundaries, Lee et al. [163] presented a high-temperature sintering procedure for
YDZ.
The segregation of Y at clean grain boundaries even in high-purity YDZ was studied
by Stemmer et al. [161] applying EELS. The authors argue that even despite the
absence of segregated Si — this is not simultaneously measured with the local Y and
Zr signal in that study — an increase of the Y content at the grain boundaries was
observed. No information about the influence of local thickness on the jump ratio
the cationic L2,3 ionization edges is given in the manuscript. The Y-L2,3 intensities
of the presented spectra have also not been evaluated quantitatively. Inconsisten-
cies between the presented spectra (different intensity ratios of the white lines of
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Zr, different slopes of the background in the spectra, different jump ratios) are not
discussed in that publication and thus remain unclear.
Stabilization of c-YDZ at Room Temperature
YDZ used as solid electrolyte in high-temperature fuel-cell applications undergoes
thermal cycles from room temperature to operation temperature and vice versa. In
order to minimize mechanical stresses within the electrolyte itself as well as at the
interfaces to the electrodes during heating and cooling, the preferred Y2O3-doped
ZrO2 material for such applications does not transform in the targeted temperature
range.
Of considerable interest is the minimum Y content to stabilize c-YDZ at low temper-
atures. Since slow cation diffusion impedes decomposition of YDZ at T ≤ 800 °C,
the position of the c — c+t phase boundary at this temperature is sufficient to
known. The published values range from 5 [18] to 6 [97, 98], 6.5 [4], 7 [141, 144],
7.5 [73], 8 [99–101, 125, 126], 8.5 [164], 9 [122, 148] to 9.2mol% Y2O3 [165]. The
strong disagreement about this value is due to several related reasons:
• First of all, it is difficult to achieve thermal equilibrium at temperatures below
1200 °C due to the low diffusivity of cations in YDZ.
• Most of the groups exclusively utilized XRD [4, 18, 73, 97–100, 122, 125, 126,
144, 164], dilatometry [99, 122] and differential thermal analysis [4, 98–100] —
methods not sensitive enough to detect small volumes and volume fractions
of subsidiary phases — in order to study the crystal structure and phase
transformations in their investigated specimens.
• Furthermore, the small scattering factors of additional reflections of t-, t’-
, and t”-YDZ in XRD may impede the detection of these phases. This is
due to the exclusive shift of the oxygen-ion sites with respect to cubic YDZ.
These small scattering factors lead to very weak additional reflections in XRD.
Furthermore, the precipitates of the tetragonal-type phase in the specimens
studied in this work are of nanoscaled size. This leads to a strong broadening
of reflections in XRD. Hence, common X-ray diffractometers are inappropriate
to detect small volume fractions and/or nanoscaled regions of tetragonal-type
phases in YDZ [11–13].
In summary, it is known that 8.5mol% YDZ is not completely stabilized at room
temperature in the cubic form. A tetragonal-type phase, which is not clearly identi-
fied yet, has been described to form during heat treating the material around 1000 °C
for several thousands of hours. The three tetragonal forms of YDZ, i.e., t-YDZ, t’-
YDZ, and t”-YDZ, can be described as a fluorite-type unit cell with a distorted
anionic sublattice as depicted in Fig. 2.3. The shift of the oxygen ions along the
c-axis is depending on the nature of the tetragonal-type phase as well as the dopant
content. Since the lattice parameters of t’-YDZ converge to the cubic one and thus
to the lattice parameters of t”-YDZ at about 8.5mol%, from the crystallographic
point of view it is complicated to distinguish these phases in 8YDZ.
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2.1.3 Electrical Properties of Studied Specimens
To contribute to the clarification of the open questions, outlined in the previous
section, different types of YDZ specimens have been prepared and characterized
for this investigation. The results of the electrical characterization are anticipated
here. The preparation of the specimens as well as the applied heat treatments are
described in the experimental chapter § 3.1.
8YDZ Thick-Film Electrolytes
Thick-film 8.5mol% (8YDZ) and 10mol% (10YDZ) Y2O3-doped ZrO2 electrolyte
foils as used for electrolyte-supported high-temperature SOFC applications were
analyzed in particular to clarify the degradation of ionic conductivity in 8YDZ.
Pieces of both types of electrolyte foils were studied with respect to microstructure
and chemistry before and after heat treatment, which was applied to emulate the
application at commercially relevant conditions, i.e., 950 °C for several thousand
hours, while the degradation of conductivity was continuously monitored by means
of DC four-probe measurements during the heat treatment.
The evolution of the electrical conductivity of the 8YDZ and 10YDZ specimens
was evaluated at the Institute of Materials for Electrical and Electronic Engineering
IWE, University of Karlsruhe (A. Müller) by four-probe DC measurements during
the annealing as described in Ref. [15,166]. Therefore, the substrates were cut into
rectangular pieces (10 x 50mm2) and contacted by platinum paste and platinum
wires. A constant current density was applied via the outer electrodes of the spec-
imens. The conductivity was continuously monitored by the voltage between the
inner electrodes as described in Ref. [15] (and publications therein).
Fig. 2.6 shows the overall ionic conductivity of these 8YDZ and 10YDZ specimens as
a function of time. While the conductivity of 10YDZ remains nearly unchanged, the
considerable decrease of the conductivity of 8YDZ by nearly 40% within 2500 h at
950 °C can be recognized [15]. To identify the contributions of bulk and grain bound-
ary resistivity on the degradation of the 8YDZ electrolytes, substrate samples were
analysed by means of impedance spectroscopy before and after 1000 h and 2000 h of
annealing. Therefore, porous platinum electrodes 6 x 6mm2 in size were sputtered
symmetrically on both sides of the substrates. Impedance spectra were obtained
over the frequency range from 10Hz to 1Mhz using a Solartron 1260 impedance
analyzer. These measurements were conducted in air over the temperature range of
275–450 °C. The impedance spectra, which consist of three semicircles, which were
attributed to bulk, grain-boundary, and electrode resistivity, were fitted using the
Software MVCNLS (Multivariate Complex Nonlinear Least Squares). For detailed
information, the interested reader is referred to Ref. [15, 166].
Representative impedance spectra of the 8YDZ specimens (as-prepared and after
heat treatment at 950 °C for 1000 h), obtained at 300 °C, are given in Fig. 2.7a [15].
The larger arc, attributed to the grains, significantly increases during annealing,
while the small arc, which represents the grain boundaries, is almost unchanged
after the heat treatment. From these spectra, the grain and grain-boundary contri-
butions to the overall resistivity of the specimens before and after heat treatment
are obtained as presented in Fig. 2.7b.
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Figure 2.6: Ionic conductivity of 8YDZ and 10YDZ at 950 °C as function of time [15].
The relative reduction of the ionic conductivity of 8YDZ is given for several annealing
times.
ba
Figure 2.7: a) Impedance spectra of 8YDZ before and after heat treatment at 950 °C



































Figure 2.8: Total conductivity of YDZ thin films at temperatures in the range of
200–400 °C depending on mean grain size. The total conductivity of an as-sintered
8YDZ standard electrolyte foil (cf. § 2.1.3, first part) is plotted for comparison. The
lines are guides to the eye indicating a specific measuring temperature. [16, 167]
Nanocrystalline YDZ Thin Films
To investigate the influence of grain-size effects on the ionic conductivity of 8YDZ,
thin films with varying mean grain sizes between a few nm and the microscale were
prepared. The preparation of the thin films, based on a soluble precursor powder,
was performed at the ISC, Fraunhofer-Institut für Silicatforschung, Würzburg. The
electrical properties of the specimens were studied by C. Peters from the Institute
of Materials for Electrical and Electronic Engineering IWE, University of Karlsruhe
in the frame of his PhD thesis [16, 167].
A sol-gel based method (cf. § 3.1.2) was utilized to prepare thin films of high pu-
rity on isolating sapphire substrates. The final dopant content was slightly lower
than that of the thick-film electrolytes. This is attributed to the composition of the
sol-gel, which was used for the deposition. An annealing procedure, combining a
rapid-thermal calcination step with a second heat treatment, was applied to set up
the mean grain size and porosity in the final specimens.
The series of specimens was examined regarding crystal structure, microstructure,
and chemistry by TEM after the final heat treatments. These results are presented
in § 3.3. In the following, the results of the electrical characterization of C. Pe-
ters [16,167] are briefly summarized. It was found that the conductivity of the thin
films is based on the transport of oxygen ions through the material, i.e., ionic con-
duction.
The evaluated electrical conductivity of the thin-film samples was found to contin-
uously decrease with decreasing mean grain size. This is visualized in Fig. 2.8 [16],














Figure 2.9: Distribution of relaxation times for the studied YDZ thin films deter-
mined from impedance spectra (measured at T =250 °C). The mean grain sizes of
the specimens are given in the figure (cf. § 3.3.1). [16, 167]
of 200–400 °C, is plotted against the mean grain size. For comparison, the corre-
sponding values of an as-sintered 8YDZ thick-film electrolyte (cf. § 2.1.3, first part)
are presented.
To elucidate the reason for the decrease of ionic conductivity upon decreasing mean
grain size, impedance spectra of the YDZ thin films were analysed by calculating
the distribution functions of relaxation times for each specimen. These distribution
functions thus allow to distinctly separate the processes related to grain-boundary
transport as well as the transport through the grains. Fig. 2.9 [16, 167] shows the
distribution functions of relaxation times for the different specimens at T =250 °C.
Two maxima are apparent contributing to the overall impedance. Whereas the pro-
nounced maximum at lower frequencies has been attributed to the grain boundaries,
the weak and nearly constant high-frequency process indicates the bulk transport
through the grains.
Since the area enveloped by the curve is a measure for the resistance of the particular
process, the spectra portend a nearly constant, grain-size independent contribution
of the bulk resistance to the total resistance. The grain-boundary resistance, how-
ever, increases with decreasing mean grain size (arrow in Fig. 2.9) and causes an
overall increase of the total resistance.
The shift of the grain-boundary maximum towards lower frequencies with decreasing
mean grain size arises from the increasing overall grain-boundary resistivity. This
is explained by the fact that the resonance frequency of this process is proportional
to the grain-boundary conductivity, i.e., the reciprocal value of the resistivity.
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2.2 Experimental Techniques
The goal of this work was the structural, microstructural, and chemical characteri-
zation of the specimens by means of scanning and transmission electron microscopy
(SEM, TEM) techniques, while the electrical properties were examined at the Insti-
tute of Materials for Electrical and Electronic Engineering IWE, University of Karl-
sruhe as collaborating group. For further information, the reader interested in details
about the characterization of the electrical properties, is referred to Ref. [15,167] as
well as to the PhD theses of C. Peters [16] and A. Müller [166].
Since numerous TEM techniques have been applied, the following section should
only give a brief overview with emphasis on the most important aspects of the ap-
plied methods. Readers who are more interested in the materials aspects may pass
over to chapter 3 (pp. 37).
2.2.1 Equipment
The microstructural characterization was carried out using a 200 keV Philips CM200
FEG/ST transmission electron microscope equipped with a field-emission gun. For
bright-field and dark-field imaging, a 2k x 2k CCD camera from Tietz Video and
Image Processing Systems GmbH (Gauting, Germany) was used.
Selected-area electron diffraction (SAED) patterns were recorded on imaging plates
from Ditabis Digital Biomedical Imaging Systems AG (Pforzheim, Germany), pro-
viding a linear contrast transfer. In combination with a 16-bit scanner (Ditabis
AG, Pforzheim, Germany) the resulting diffraction patterns exhibit a high dynamic
range. A selected-area aperture with a diameter corresponding to about 200 nm
was used for single-crystallite diffraction. To obtain Debye diffraction patterns of
the nanocrystalline YDZ thin films, an aperture with a size corresponding to about
1m was used.
Site-specific energy-dispersive X-ray spectrometry (EDXS) was carried out by means
of a NORAN Vantage system with a Ge X-ray detector, using a probe diameter of
about 2 nm.
Scanning TEM (STEM) was performed utilizing a 200 keV Zeiss LEO 922 micro-
scope, equipped with an OMEGA energy filter. The high-angle annular dark-field
(HAADF) detector in combination with the scanning unit allows to generate Z-
contrast images and thus the visualization of the porosity within in the nanocrys-
talline YDZ thin films.
Energy-filtered TEM was in addition tried out to visualize the variations of the local
Y and O contents that were found in 8YDZ, as will be shown later. But this tech-
nique failed due to several independent reasons, e.g. the small size of the chemical
variations, the strong overlap of ionization edges at low energy losses, and the high
energy losses of the L2,3 ionization edges of the cations.
An aberration-corrected FEI Titan 80-300 with an image Cs-corrector was used to
perform STEM in combination with analytical experiments (EDXS, EELS) on the
nanoscale in order to correlate microstructural features and the local Zr, Y, and O
concentrations in the thick-film electrolyte foils. The microscope was operated at
300 kV. The microscope was equipped with an EDAX X-ray detector operated at a
dispersion of 20 eV/channel as well as a post-column energy filter (Gatan imaging
filter, GIF) from Gatan GmbH (Germany).
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STEM imaging using a HAADF detector was carried out using short camera lengths
to visualize the regions, in which the analytical experiments were performed, at min-
imized dynamic conditions.
To correlate the position of coarsened tetragonal regions that were found in heat-
treated 8YDZ with local chemistry, STEM imaging was performed using a long
camera length of 301mm. Since the inner collection angle of the HAADF detec-
tor is small at this long camera length, the {112} reflections are also detected. As
a consequence, a high image intensity is obtained in regions with strongly excited
{112} reflections (coarsened tetragonal regions). Such micrographs will be denoted
as dynamic annular dark-field (ADF) images in the following.
In order to comprehensively study the local chemistry of the 8YDZ thick-film speci-
mens on the nanoscale, both complementary spectroscopic techniques, namely energy-
dispersive X-ray spectroscopy (EDXS) and electron-energy loss spectroscopy (EELS)
were used simultaneously.
For simulating, e.g. diffraction patterns and images, the software package JEMS
of P. Stadelmann [168] was used. Digital Micrograph from Gatan GmbH (Ger-
many) was used for processing of the analytical data. The free peak-fitting software
package Fityk [169] was used to apply empirical background subtraction to radial
intensity distributions. Such intensity distributions were for example obtained from
electron-diffraction patterns. This has become necessary because no reliable model
was available in order to simulate the background contribution due to carbon films
and/or contamination. Depending on the specific purpose, several software packages
were used for image processing, i.e., ImageJ [170] and Adobe Photoshop CS4.
2.2.2 Quantitative EDXS
As will be shown in § 3.2.4, the K X-ray emission lines of the cations are applicable
to determine the local cation contents from EDXS. After estimation and subtraction
of a constant bremsstrahlung background (energy windows used for the background
estimation: 11.8–14.3 keV) below the element-specific signals, the net intensities of
the K lines of the cations (energy windows for Y: 14.62–15.22 keV and Zr: 15.42–
16.02 keV) were used to determine the local Y and Zr content. These X-ray emission
lines are well separable, while the L lines of Zr and Y strongly overlap (cf. Fig. 3.13,
p. 55).
The errors introduced by approximating a linear background contribution in con-
trast to the correct modelling of the bremsstrahlung background is negligible in
comparison to the statistical errors, because the experimentally measured back-
ground intensity itself is negligible in the investigated TEM sample regions.
A well-known procedure for the quantification of EDX data is the determination
of k-factors, which relate the measured intensities and the chemical composition.
According to Lorimer [171], the ratio of the atomic Zr and Y concentrations on the
cationic sublattice, i.e. CZr and CY, can be determined by Eq. 2.3, in which the net
intensities of the K lines of the cations are denoted as IZr K and IY K. The factor
1/kZrY = ZAF as a product of the factors Z, A, and F correlates the measured in-
tensities and the chemical composition. Z describes the direct production of X-rays
by the impact of the primary electrons, which depends on the atomic number, as
well as the energy-depending detection efficiency of the X-ray detector. F stands
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for secondary fluorescence due to the absorption (factor A) of primary X-rays in the






= ZAF ⋅ CZr
CY
(2.3)
The X-ray mass attenuation coefficients [172] and thus the overall absorption of K
X-rays of Y and Zr in YDZ itself is negligible. Hence, secondary fluorescence taken
into account by the factor F in Eq. 2.3 can also be neglected. The small thicknesses
(≤ 30 nm) of the investigated TEM sample regions, leading to a minimum of sec-
ondary effects, in addition justifies the following approximation, which simplifies the
quantification. Therefore, Eq. 2.3 reduces to Eq. 2.4.
IZr K
IY K
















Only the factor Z is relevant for quantification in our case, which describes the pro-




for K X-ray emission on the K shell, i =Zr, Y) and the detection (i: detector
efficiency, i =Zr, Y) of K lines.
The total K-shell ionization cross-section of Zr atoms for 300 keV impact is slightly
smaller than that for Y atoms (QZr=0.825× 10−22 cm2, QY=0.883× 10−22 cm2, Ref.
[173]), while the K fluorescence yield for Zr, i.e., !Zr = 0.730, is slightly larger than
the value for yttrium (!Y = 0.710) (Ref. [174, 175]). Further values are aZr=0.8394
and aY=0.8417 [176].
The efficiencies of the Si(Li)-detector Zr and Y can be assumed to be identical for
the K lines of both elements. Calculating 1/Z finally amounts to 1/Z ≈ 0.97.
To verify the theoretically predicted value for kZrY = 1/Z, Eq. 2.3 was used to de-
termine experimental values for the k-factor for the 8YDZ with well-known mean
Y content from the obtained data sets. As will be shown in § 3.2.4, the experimen-
tal value, which has been obtained from reliable spectra of the as-sintered 8YDZ
specimen with the quoted Y content of 8.52mol%, arises to 1.02, which is slightly
higher than the theoretically predicted value. Hence, the experimentally determined
k-factor was used for the quantification of the local cationic composition.
As the sum of the Y and Zr concentrations on the cation sites amounts to 100%, i.e.,
CZr + CY = 1, arithmetic transformation of Eq. 2.5 leads to the following equations
(Eq. 2.6 and 2.7) that were used to determine the local Y and Zr content (at%) on
the cationic sublattice from the spectral data.
CY =
IY K




IZr K + 1/1.02 ⋅ IY K
(2.7)
Possible variations of the TEM sample thickness along a line scan do not affect
the quantification of the cation concentrations by EDXS because each spectrum is
quantified individually. Since all intensities, recorded within a single spectrum, are
depending on the same illuminated volume, thickness correction is automatically





The absolute thickness of the studied TEM sample regions was estimated from EELS
spectra. Since the probability of inelastic scattering of an incident electron increases
with increasing sample thickness, it may undergo several independent inelastic scat-
tering events. Due to this fact, multiple scattering obeys Poisson statistics. As a
result, the fraction of inelastically scattered electrons exponentially increases with
increasing thickness.














This is described by Eq. 2.8 where Itot is the total number of electrons, i.e., elastically
and inelastically scattered electrons, that are collected within a low-loss spectrum
up to an energy loss of a few 100 eV. I0 stands for the number of elastically scattered
electrons in the zero-loss peak of the spectrum (cf. Fig. 2.10). Hence, the second
equation (Eq. 2.9) was used to determine the local relative thickness. This value was
used to judge the local sample thickness with respect to multiple scattering.
In this study, only sample regions with relative thicknesses in the range of 0.05 ≤
t

≤ 0.3 were investigated. This fact simplifies the evaluation of the EEL spectra
since multiple scattering that may have a strong influence on quantitative EELS is
negligible.
The inelastic contribution to the EEL spectra is dominated by plasmon excitations
at energy losses below about 50 eV, within the exception of the case that element-
specific ionization edges within the first 100 eV are present. This applies to the
N2,3 ionization edges of Y and Zr in this study. Since the spectral intensity rapidly
decreases with increasing energy loss, integration within the first few 100 eV is suffi-
cient for the determination of Itot. I0 has been determined by assuming a symmet-
rical zero-loss peak. While Itot and I0 can be derived from a low-loss spectrum (cf.
Fig. 2.10) of the sample region of interest, the mean free path  for inelastic scat-
tering, i.e., the mean free path for mainly the excitation of plasmon-like resonances
in the TEM sample, can be estimated by a parameterization proposed by Malis et
al. [177]. Eq. 2.11 describes  [nm] as a function of the effective atomic number of
the studied material, i.e., Zeff, the energy of the primary electrons E0 [keV], and the

























Figure 2.10: Experimental low-loss spectrum of 8YDZ-AS obtained at a relative
thickness t

=0.26 corresponding to 31 nm. The symmetrical intensity contribution
I0 of the zero-loss peak is indicated.
The effective atomic number Zeff is calculated (Eq. 2.14) by dividing the weighted
sum of Z1.3i by the weighted sum of Z
0.3
i with fi as atomic fraction of the elements
i = Zr, Y, O.
Using the known values for 8.5mol% Y2O3-doped ZrO2, the mean free path  arises
to 122 nm. This value is in good agreement with experimental values presented by
Iakoubovskii et al. [178] who published values for , i.e., 115 nm for pure ZrO2 and
122 nm for pure Y2O3.
The derived value on the basis of Eq. 2.9 has to be considered as an estimate for
the local sample thickness in order to compare the thickness with microstructural
features found in the specimens.
Background Modelling
Since the element-specific ionization edges are superposed to the falling background
of ionization edges and the plasmon excitations at lower energy losses, each spectrum
needs to be corrected for this background in order to extract quantitative element-
specific signals. The background results from multiple inelastic scattering processes
(plasmon excitation and ionization), which cannot be modelled in a deterministic
way.
However, in energy-loss ranges sufficiently beyond preceding element-specific signals,
the background intensity IB can be estimated by fitting a mathematical expression,
e.g. a power law (IB = A ⋅ ΔE−r) [179, 180]. Here, ΔE denotes the energy loss
of primary electrons during propagation through the TEM sample. This function
was used to determine the background below the Y-M4,5 and Zr-M4,5 as well as
the Y-L2,3 and Zr-L2,3 ionization edges. To correct for the background below the
O-K ionization edge, a 1st order log-polynomial law was chosen due to the better
reproduction of the pre-edge background in comparison to the power-law fit.
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Artefacts Induced by Background Correction
In the following, artificial variations in element-specific signal distributions along
line-scan measurements are described, which were found to arise from modelling
the background for each spectrum of the line-scan data set. The commonly applied
procedure is to model (and subtract) the background for each spectrum of a data
set by the same mathematical expression.
Using the example of the O-K ionization edge in 8YDZ, the development of such arte-
facts along a representative line scan of as-sintered 8YDZ is presented in Fig. 2.11.
The displayed net intensity (Fig. 2.11a) was determined from the background-corrected
spectra in an energy-loss range Δ of 50 eV starting with the edge onset at 532 eV
energy loss. The factor N used for thickness correction (Fig. 2.11a, dashed line) was
obtained from the post-edge net intensity in the range of 700–750 eV. While the
correction factor only shows slight variations, implausible variations (jumps) of the
net signal (exemplarily marked by the arrows) can be recognized. These variations
are also present in the thickness-corrected O-K net intensity shown in Fig. 2.11b.
To determine the origin of these variations, sequently recorded spectra (No. 21–25,
thin lines in Fig. 2.12) around the untrustworthy evaluated spectrum No. 23 (thick
line in Fig. 2.12, marked by arrows in Fig. 2.11) are plotted in Fig. 2.12. The raw
spectra look similar except for small variations due to statistics, since no drastic
change of the local sample thickness is observed (cf. factor N, Fig. 2.11a), which
could explain the change of the net signal of the O-K ionization edge of spectrum
No. 23.
The background contributions modelled by a 1st order log-polynomial law are plot-
ted for each spectrum. Despite the M1 ionization edges of the cations (Y: 394 eV,
Zr: 430 eV), which could if at all be faintly observed, the background was fitted
using 100 nm wide energy-loss windows (365–465 eV). This window was chosen due
to the broad but weak intensity maximum (500–530 eV) directly situated at lower
energy losses prior to the O-K ionization edge (cf. Fig. 2.12a and b). The origin of
this pre-edge intensity could not be clarified up to now. Nevertheless, this intensity
was found in all recorded spectra of as-sintered and heat-treated 8YDZ.
As shown in the graph, the background estimation for the specific spectrum No. 23
fails (underestimation), although there is no necessity for a change of the slope of
the background below the ionization edge from a physical point of view. One should
know that the estimation of the background using a power law also failed for this
spectrum. This failure explains the overestimation of the net signal (cf. lower curves
in Fig. 2.12b) and thus of the integral O-K net signal for this measuring point of
the line scan. The thick line marks the background-corrected spectrum No. 23 in
average surpassing the other spectra.
Several reasons may be responsible for this problem:
• Statistics: Slight variations of the pre-edge background can lead to changes of
the slope of the approximated background,
• Unstable background estimation using a power law or 1st order log-polynomial
law: Slight variations of the pre-edge background may lead to strong variations














Figure 2.11: a) Integral net intensity (532–582 eV) of the O-K ionization edge
(straight line) and corresponding factor N (dashed line) used for thickness correc-
tion along a line scan in 8YDZ-AS. N was determined from the integral intensity
in the energy-loss range of 700–750 eV. b) Thickness-corrected O-K net intensity
showing unrealistic variations of the O content. The black arrows exemplarily mark















Figure 2.12: a) Superposed raw spectra No. 21–25 showing similar intensities, the
modelled background (see text) is plotted below each spectrum. b) Energy-loss range
500–580 eV is shown magnified (thick line marks spectrum No. 23). In addition to
the raw data, the background-corrected net signal of the O-K ionization edge is
shown for each spectrum. After background subtraction, the net signal of spectrum
No. 23 is overestimated.
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• Time-dependent sensitivity of the scintillator of the CCD camera after chang-
ing from low-loss to core-loss signals.
Such artefacts due to the background correction were found to arise during the eval-
uation of core-loss spectra in general. To minimize the influence of the background
correction, an alternative evaluation technique was utilized in this work. Least-
squares fitting of reference spectra to the raw data was found to be the much more
reliable way to extract net signals from the analytical line scans.
Improvement by MLLS Fitting
In contrast to the commonly applied least-squares fitting of experimental data by
an analytical expression by varying the parameters of this expression, the fitting of
reference spectra to the experimental data was found to be the more reliable way
to determine element-specific signals from EEL spectra. This procedure is similar
to the fitting of an analytical expression except the fact that reference spectra with
specific contours are used. Therefore, weighting factors A,B,C, . . . of the weighted
sum of a set of reference spectra (background reference: RBG, signal 1: RS1, signal
2: RS2, . . . ) are varied in such a way that the sum R
2 of the least squares of the
differences r(ΔEi) between measured values I (ΔEi) and fit, i.e., the weighted sum
of reference spectra in Eq. 2.16, become minimal (Eq. 2.17). Therefore, the energy
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Two different procedures were utilized to obtain reference spectra for this evalua-
tion procedure. First, reference spectra from well-defined reference materials can be
measured, i.e., Y2O3 and ZrO2, exhibiting similar contours of the element-specific
ionization edges (near-edge structures) as the studied material. This was done in
order to extract the net intensities of the Y-L2,3 and Zr-L2,3 ionization edges of YDZ
for quantitative analyses (cf. § 3.2.4).
A second method can be used, if only one non-overlapping element-specific ionization
edge has to be studied and if the near-edge structures of this specific ionization edge
do not vary significantly along a measured line scan. All spectra along the line scan
are summarized to minimize statistical variations. From this sum spectrum, a refer-
ence background spectrum as well as a reference spectrum for the element-specific
ionization edge were determined by fitting the background of the sum spectrum us-
ing an appropriate model (cf. § 2.2.3, second paragraph). The intrinsic reference
spectra were then used for MLLS fitting of each spectrum of the specific line scan.
This procedure has been used to reliably extract the net intensity of the O-K ion-
ization edge of YDZ as measure for the local oxygen content. As will be shown in
the experimental part, this procedure yields significantly improved accuracy in de-
termining the elemental distributions for the as-prepared material, which has been
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assumed to be chemically homogeneous, than presented in Fig. 2.11.
Since the procedure for MLLS fitting of reference spectra is implemented in Digi-
tal Micrograph, this software package was used for quantitative evaluation of the
spectral data.
Quantitative EELS Analyses
Assuming single scattering of primary electrons passing through the TEM sample in
sufficiently thin regions, a simple expression can be used to quantitatively evaluate
element-specific net intensities. For this purpose the element-specific net intensities
in given energy-loss windows ΔA and ΔB are determined by MLLS fitting, as out-
lined before.
Analogous to EDXS (Eq. 2.4 and 2.5), the connection between the local chemical
composition and the measured intensities in EELS can be drawn (Eq. 2.18). In con-
trast to EDXS, only the probability for the excitation of a core-shell electron has to
be considered in core-loss EELS. Hence, the measured intensity IA for an element A
only depends on the partial ionization cross-section A(E0, , ,ΔA) and the number
of atoms of this element in the probed sample volume (or the local atomic content












The cross-sections A and B strongly depend on the primary electron energy E0, the
collection semi-angle , the convergence semi-angle , and the energy-loss window
Δ. Δ describes the energy-loss window that is used for integrating the net signal
of a specific ionization edge for quantitative analyses. It commonly starts at the
onset of an ionization edge, if not otherwise specified. For a set of experimental
parameters (E0, , ) in EELS, Eq. 2.19 was used to determine an experimental







For this study, quantitative EELS was mainly performed using the Y-L2,3 and Zr-L2,3
ionization edges. Assuming a completely filled cationic sublattice (CZr + CY = 1)
leads to the same equations as in EDXS, i.e., Eq. 2.6 and 2.7, but with the EELS
k-factor.
Due to the fact that the accuracy of theoretical partial cross-sections is strongly
limited by the model that is used to describe ionization, i.e., the hydrogenic model
[182] or the Hartree-Slater model [183–185], exclusively experimental k-factors were






3.1.1 8YDZ Thick-Film Electrolytes
As-sintered and heat-treated 8YDZ electrolyte substrates (thickness ∼ 200µm) with
dopant contents of 8.52mol% Y2O3 (8YDZ) and 10mol% Y2O3 (10YDZ) were in-
vestigated to study the origin of the degradation of ionic conductivity in 8YDZ, as
outlined in §2.1.1 (p. 8). The commercially available 8YDZ electrolyte substrates
were fabricated by tape casting at Kerafol GmbH (Germany). For this purpose,
pure powder from Toyo Soda Manufacturing Co., Ltd. (Japan) with quoted con-
tents of impurities of Si < 30 ppm and Al < 10 ppm was used. In order to obtain
gas-tight electrolyte substrates (relative density ≥ 98%), the green tapes were first
heat-treated at 1300 °C for 5 h, followed by the final sintering at a temperature of
1550 °C for 2 h [166].
For microstructural comparison, one as-sintered 8YDZ substrate (8YDZ-ASH) was
additionally homogenized at 1700 °C in the cubic phase field (cf. 2.1.2) for 4 h.
The 10mol% Y2O3-doped ZrO2 electrolyte substrates were purchased from Nippon
Shokubai Co., Ltd. (Japan). These substrates had been sintered at 1350 °C. All
sintered YDZ substrates are polycrystalline with mean grain sizes on the microscale.
The as-sintered specimens are named 8YDZ-AS and 10YDZ-AS, respectively.
Substrates with both dopant contents were annealed at 950 °C for periods of 2500 h
(8YDZ) and 1000 h (10YDZ), respectively, to emulate the application as electrolytes
in high-temperature SOFCs. The heat-treated specimens are denoted in the follow-
ing as 8YDZ-H and 10YDZ-H. As outlined in § 2.1.3, a decrease in ionic conductivity
of nearly 40% was found for 8YDZ, while the conductivity of 10YDZ was stable un-
der the applied annealing conditions.
To study any influence of the electrical field, applied during DC characterization, on
the microstructural coarsening of the 8YDZ-H electrolyte, a second series of long-
term annealed 8YDZ thick-film electrolyte pieces was investigated. These specimens
were heat-treated without electrical load at 1300 °C, 1250 °C, 1200 °C, and 1000 °C.
Higher temperatures were used to reproduce the microstructural evolution on a
shorter time scale. Also the position of the boundary between the cubic and the c+t
two-phase field was of considerable interest for varying the annealing temperature.
While the specimens heat-treated at ≥ 1200 °C were annealed for 150 h (1300 °C and










Figure 3.1: Chemical processing route of the coating sol used for the preparation of
the YDZ thin films.
3000, and 5800 h, respectively. All these electrolytes were heat-treated under air to
reproduce the microstructural coarsening, which was found in 8YDZ.
The specimens heat-treated at 1000 °C are denoted as 8YDZ-L1500, 8YDZ-L3000,
8YDZ-L5800, depending on the annealing time, while the electrolytes heat-treated
at the higher temperatures are denoted together as 8YDZ-LHT. All specimens are
marked in the schematic phase diagram presented in Fig. 2.2.
3.1.2 Nanocrystalline YDZ Thin Films
For thin-film preparation, a synthesis route based on soluble precursor powders was
utilized. Therefore, a Y2O3-doped ZrO2 precursor powder with a ratio Zr/ligand/H2O
of 1/1/3 was prepared as follows (cf. Fig. 3.1): By slow addition of 1.0mol chelate
ligand to 237.7 g (1.0mol) zirconium(IV)-propoxide a yellow sol was obtained, which
was stirred for one hour. After cooling down to room temperature, 54.0 g (3.0mol)
deionised water and 58.8 g (173mmol) yttrium acetate hydrate were added. The sol
was stirred for 30 minutes at room temperature followed by 30 minutes at 80 °C.
Without further delay, subsequently all volatile components were removed from the
reaction mixture by rotational evaporation at reduced pressure (< 40mbar) with a
maximum bath temperature of 90 °C. The coating solution was prepared with an
oxide yield respective to crystalline 8YDZ of 6mass% by dissolution of the amor-
phous precursor powder in a solvent mixture of 90mass% ethanol and 10mass%
1,5-pentanediol. After stirring over night, they were filtered through a 0.45µm
membrane [186,187].
Thin films were prepared by dip coating of isolating r-sapphire substrates (Crys-






Figure 3.2: Bright-field TEM images of the a) ZrO2 and b) Y2O3 reference nanopar-
ticles on Lacey films.
Ra=0.06 nm), used without further cleaning. Thin-film preparation was carried
out in clean room atmosphere under constant humidity conditions of 20% relative
humidity at 24 °C (4.4 g H2O/m
3) using a climate control unit. The substrate was
dipped in the dip-coating container and the solution was let to settle down for 15
seconds. The coatings were made by ten times multiple dip-coating combined with
a withdrawal rate of 30mm/min. A standard drying time of 2min was used for
each sol-gel layer. The calcination of each single-layer sol-gel film was performed by
rapid thermal annealing (RTA) at 500 °C with a dwell time of 10min. Subsequently,
the specimens were exposed to a final tempering step at temperatures in the range
of 650–1600 celsius for 24 h respectively in order to adjust mean grain size and de-
gree of porosity. The samples were prepared using heating ramps of 5Kmin−1 (≤
1000 °C) or 20Kmin−1 (> 1000 °C) [188,189].
Depending on the temperature of the final tempering step, the different samples are
named YDZ-650, YDZ-850, YDZ-1000, YDZ-1250, YDZ-1350 and YDZ-1600 in the







Reference Materials for Analytical
TEM
Two reference materials, namely monoclinic zirconium dioxide (ZrO2) (quoted im-
purity contents by weight: HfO2 < 2%, SiO2 < 50 ppm, Al2O3 < 50 ppm) and
yttrium oxide (Y2O3) (quoted contents of impurities by weight: Zr < 430 ppm, Si
< 80 ppm) nanoparticles, purchased from Treibacher Industrie AG (Austria), were
analyzed to obtain reference spectra for quantitative EELS.
Fig. 3.2 shows TEM bright-field images of both types of nanoparticles, which were
separately deposited on Lacey films from Plano GmbH (Germany) by nebulizing
dispersions of particles in ethanol by means of an ultrasonic vaporizer. The utilized
technique using ethanol as solvent necessitates the cleaning of the TEM samples
prior to the analytic experiments with a plasma cleaner from Binder Labortechnik






T [°C] (t [h])
Additional heat treatment
T [°C] (t [h])
8YDZ-AS 8.5 1550 (2) -
8YDZ-ASH 8.5 1550 (2) 1700 (4)
8YDZ-H 8.5 1550 (2) 950 (2500)
8YDZ-L1500 8.5 1550 (2) 1000 (1500)
8YDZ-L3000 8.5 1550 (2) 1000 (3000)
8YDZ-L5800 8.5 1550 (2) 1000 (5800)
8YDZ-LHT 8.5 1550 (2) 1200-1300 (150-600)*
10YDZ-AS 10 1350 (4) -
10YDZ-H 10 1350 (4) 950 (1000)
YDZ-650 7.3 650 (24) -
YDZ-850 7.3 850 (24) -
YDZ-1000 7.3 1000 (24) -
YDZ-1250 7.3 1250 (24) -
YDZ-1350 7.3 1350 (24) -
YDZ-1600 7.3 1600 (24) -
Table 3.1: List of YDZ electrolyte specimens investigated in this study. The highest








Figure 3.3: Debye electron-diffraction patterns of the a) ZrO2 and b) Y2O3 reference
nanoparticles.
The shape of the purchased Y2O3 particles (Fig. 3.2b) is needle-like with a length of
a few 100 nm and a width of less than 50 nm, while the ZrO2 nanoparticles (Fig. 3.2a)
are spherical with d50 < 2µm.
The expected crystal structures of both reference materials at room temperature
were verified by means of selected-area electron diffraction. From the phase diagram
(cf. § 2.1.2), the monoclinic phase is expected for pure ZrO2, while pure Y2O3 should
be cubic. Fig. 3.3 depicts Debye electron-diffraction patterns including reflections
of numerous nanoparticles resulting in concentric rings of reflections. Background-
corrected radial intensity scans of these diffraction patterns are presented in Fig. 3.4
in comparison to simulated data. To correct the radial intensity scans with respect
to the diffuse background, the background below the reflections was empirically
estimated and fitted by splines, using the free software tool Fityk [169]. The simula-
tions using JEMS [168] are based on the structural data given in § 2.1.2 (Table 2.1,
p. 13). The crystal structures of both types of nanoparticles correspond well with
the expected ones (from simulation) within the limits of electron diffraction. The
disagreement of the relative intensities of measured and simulated reflections may be
caused by the preferred alignment, especially of the needle-like Y2O3 nanoparticles
with respect to the Lacey film.
The use of films with holes yields particles which protrude the Lacey film. Recording
spectra from such regions has minimized or even prevented background intensities
caused by the carbon film.
The small size of the nanoparticles provides regions with small thicknesses (t/ ≤
0.25, cf. Eq. 2.9, p. 29) with respect to the inelastic mean-free paths for plasmon ex-
citations, resulting in excellent reference spectra for EELS — spectra with negligible
to undetectable contributions of multiple scattering. The spectra for the detectable
element-specific ionization edges, obtained from these references, are discussed in
detail in § 3.2.4.
Despite the difference in crystal structure and atomic configuration compared to
the investigated YDZ electrolyte specimens, the near-edge structures of the M and




Figure 3.4: Background-subtracted radial intensity distributions of the diffraction
patterns of a) ZrO2 and b) Y2O3 nanoparticles (Fig. 3.3) in comparison to simulated
intensity distributions based on the structural parameters given in Table 2.1 (p. 13).
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L ionization edges of the cations Y and Zr overlap, the reference data was used
to separate the net intensities of the element-specific edges for Y and Zr by multi
linear-least square fitting these reference spectra to the experimental data.
3.1.4 Reference Specimens for Raman Spectroscopy
Since the studied YDZ specimens exhibit cubic as well as tetragonal structure two
single-phase specimens were used as reference materials for Raman spectroscopy. To
evaluate the original spectra, reference spectra from a cubic as well as a tetragonal-
type material are indispensable. Therefore, a 3.5mol% YDZ (3YDZ) thick-film
electrolyte and a 15.6mol% YDZ (16YDZ) single crystal were used. The 3YDZ
thick-film electrolyte was prepared by tape-casting. The crystal form was mainly
t’-YDZ due to the rapid cooling (cf. § 2.1.2, p. 18). The 16YDZ single crystal
was purchased from Zrimat Corp. (North Billerica, USA). The crystal structure is
exclusively cubic [15].
3.1.5 Sample Preparation for TEM
Two different techniques were utilized to prepare samples for TEM investigation.
Bulk as well as cross-section samples of dense microcrystalline 8YDZ and 10YDZ
electrolytes were prepared by common procedures including disk-cutting, grinding,
dimpling, polishing and Ar+-ion milling. The thickness of the samples after polish-
ing was about a few µm. This yields short ion-milling durations at incidence angles
between 10° and 16° and an ion current of 1mA (Gatan Duomill). For the final pol-
ishing, the acceleration voltage of 4 kV was reduced to 2.5 kV. The TEM samples
prepared for structural and microstructural investigation, for which homogeneous
illumination is used in the microscope, were coated with a thin layer of carbon to
reduce charging effects and thus sample drift in the microscope. The thin region
in the middle of the samples was masked in order to minimize artefacts due to the
carbon coating. For analytic investigation using a fine electron probe, a few TEM
samples were cleaned using a plasma cleaner from Binder Labortechnik (Germany)
immediately before the experiments to minimize or possibly even prevent sample
contamination.
The preparation of cross-section samples of the YDZ thin films by standard proce-
dures, especially of those specimens annealed at temperatures above 1250 °C, occa-
sionally led to cracking of the single-crystalline sapphire substrates. In these cases,
TEM lamellae of the thin films with homogeneous thicknesses between 50–150 nm
were prepared by focused ion beam (FIB) milling with a SEM/FIB dual beam sys-
tem (EsB 1540 Crossbeam, ZEISS, Germany). Therefore, mainly the H-bar tech-
nique [190] was utilized. After preparation, a thin layer of carbon was deposited on















Figure 3.5: SAED pattern of 8YDZ-AS along the [111]-ZA showing weak additional
reflections next to the cubic-type reflections, the mainly cubic {220} and tetragonal-
type {112} reflections are indicated.
3.2 8YDZ Thick-Film Electrolyte
The optimized sintering procedure for the preparation of the purchased 8YDZ and
10YDZ substrates results in homogeneous and gas-tight polycrystalline electrolyte
foils with mean grain sizes of a few µm. No secondary phases due to the segregation
of impurities were detected, neither by direct imaging techniques like high-resolution
TEM nor by analytical TEM (EDXS) [15]. Since changes of the bulk of the poly-
crystalline material had been expected from impedance spectroscopy, the focus of
the following part is on microstructural and chemical changes within the grains and
regions in the vicinity of grain-boundaries.
3.2.1 Crystal Structure
It is known from electron-diffraction analyses (cf. 2.1.2, p. 21) that even at 8.5mol%
YDZ is not fully stabilized in the cubic high-temperature phase. The diffraction
pattern of a single grain of as-sintered 8YDZ, oriented in [111]-ZA, in Fig. 3.5 shows
the superposition of tetragonal-type and cubic reflections. While the dominating
reflections are due to both types of structures, the additional weak reflections can
clearly be attributed to tetragonal symmetry. The identification of this type of
structure, taking double diffraction as artefact in slightly too thick sample regions
into account, is discussed in detail in a recent publication by Butz et al. [15]. For
simplification, the cubic indexing scheme is used in the following.
While the indicated {112} reflections in Fig. 3.5 are kinematically allowed for any
tetragonal-type phase (t-, t’-, t”-YDZ), the inner ring of 6 weak {110} reflections,
not marked in Fig. 3.5, is due to multiple scattering. The pairwise disappearance
of opposing {110} reflections indicates the presence of three variants of tetragonal
phase with the c-axis aligned parallel to all three cubic main axes. This disappear-
ance of forbidden reflections as indication for the tetragonal nature has been shown
along various higher indexed directions in thin sample regions [191].
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Figure 3.6: Dark-field micrograph obtained using the intensity of a kinematically
allowed {112} reflection to visualize the distribution of the nanoscaled tetragonal
precipitates in 8YDZ-AS.
At the positions of the strong reflections in Fig. 3.5 tetragonal-type reflections with
large structure factors superpose the cubic ones. Therefore, the kinematically al-
lowed but weak {112} reflections had to be used for the imaging of the tetragonal
phase.
Despite low structure factors (simulated using the structural data given on p. 13)
and thus low intensities of these additional reflections, independent of the nature
of the tetragonal phase (t-, t’-, t”-YDZ), the distribution of the tetragonal phase
has been visualized by applying dark-field TEM imaging using the intensity of a
tetragonal {112} reflections.
Therefore, single crystallites was commonly oriented with an ⟨111⟩ or ⟨110⟩ axis of
the cubic phase parallel to the incident electron beam. After slightly tilting out
zone axis (ZA) to minimize the excitation of most of the strong reflections and thus
to enhance the excitation of the {112} reflection chosen for the imaging process,
this additional reflection was centred on the optical axis. For dark-field imaging,
this centred reflection was selected, using the smallest objective aperture of the
microscope.
3.2.2 Phase Distributions
The resolved distribution of the tetragonal phase in 8YDZ-AS is depicted in Fig. 3.6.
The field of view includes a single grain at the hole of the TEM sample oriented
close to the [111]-zone axis. This hole of the TEM sample appears black in the lower
left corner of the image. In such {112} dark-field micrographs, the tetragonal phase
appears with bright contrast, while the cubic matrix is dark.
Homogeneously distributed, nanoscaled tetragonal precipitates are observed in 8YDZ-
AS, which are coherently embedded in the cubic matrix. No change of the density
of these precipitates was detected in the vicinity of grain boundaries.
A similar microstructure as in as-sintered 8YDZ, homogeneously precipitated tetrag-




Figure 3.7: Dark-field micrographs of a) 8YDZ-H and b) 8YDZ-L5800. The mi-
crostructural coarsening is characterized by the local agglomeration of the tetragonal
nanoscaled precipitates in spherical regions with sizes of about 10 nm.
of the tetragonal phase [15]. Even 8YDZ-ASH exhibits similar tetragonal precipi-
tates in spite the additional homogenization in the cubic phase field at 1700 °C.
Annealing 8YDZ at 950 °C for 2500 h (8YDZ-H) leads to a distinct change of the mi-
crostructure, as depicted in Fig. 3.7a, where a significant coarsening of the tetragonal
regions is observed. This coarsening was reproduced by the series of the specimens
8YDZ-L1500, 8YDZ-L3000, and 8YDZ-L5800, where 8YDZ-L3000 showed a similar
microstructure in comparison to 8YDZ-H, despite the slightly higher temperature
of the heat treatment (1000 °C instead of 950 °C). In contrast, the specimens, which
were heat-treated at temperatures exceeding 1000 °C (denoted as 8YDZ-LHT in
Fig. 2.2, cf. 38) did not show any microstructural changes with time. The mi-
crostructure of these specimens is the same as compared to the as-sintered 8YDZ
material.
This microstructural evolution further develops during heat treatment at 1000 °C
as shown in Fig. 3.7b. The spherically-shaped coarsened regions in 8YDZ-L5800
(Fig. 3.7b) appear in a more advanced stage, which means more distinct but with
similar size compared to 8YDZ-H (Fig. 3.7a) and 8YDZ-L3000. It can be recognized
in Fig. 3.7 that the coarsened regions in 8YDZ-H and 8YDZ-L5800 rather consist
of agglomerated nanoscaled precipitates than of precipitates with a homogeneous
constitution of tetragonal symmetry.
In contrast, no significant change of the microstructure was observed in 10YDZ-
H heat-treated at 950 °C for 1000 h. The distribution of the tetragonal phase in
10YDZ-H appears similar to that in 10YDZ-AS [15].
To study the temporal evolution of the microstructure of the specimens during
TEM investigation, the exposure time for dark-field imaging could be reduced from
1–2 s [15] to 50–250ms by applying 4-fold hardware binning on the CCD chip. This
necessitated the increase of the magnification to assure a sufficiently high lateral
resolution. Since the installed slow-scan CCD camera needs about 250ms for the
read-out of the detector, the temporal resolution is limited to about 3 images per
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Figure 3.8: Time series of dark-field micrographs of 8YDZ-AS (same sample region).
second. Series of consecutive images were taken to investigate time-dependent mi-
crostructural changes that had not been noticed yet.
In addition to the simple detection [15], the temporal evolution of the location of
the bright contrast corresponding to the tetragonal precipitates has become recog-
nible under common illumination conditions using the Philips CM200. In 8YDZ-AS
and 10YDZ-AS, the location of the tetragonal nanoscale precipitates (cf. Fig. 3.6)
was noted to fluctuate within the grains. This is visualized for 8YDZ-AS in Fig. 3.8
by the series of chronological dark-field micrographs obtained by intervals of about
300ms. The life/dwell time of the tetragonal nanoscale regions in the investigated
region is on the timescale of a few images, which means on the time scale of only
few seconds. With the available temporal detection limitation, any movement of the
regions could not have been resolved. Thus, it cannot be distinguished between the
appearance/disappearance and the movement of the precipitates within the grains.
Since the microstructure of 10YDZ is similar to that of as-sintered 8YDZ but with a
lower density of tetragonal precipitates the same phenomenon, the temporal insta-
bility of the tetragonal precipitates, can be observed in 10YDZ-AS and 10YDZ-H.
The temporal evolution of 8YDZ-L5800 during the investigation in the TEM is de-
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Figure 3.9: Time series of dark-field micrographs of 8YDZ-L5800 (same sample
region).
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picted in the series of chronological dark-field micrographs in Fig. 3.9. As observed
for as-sintered 8YDZ, the location of the bright contrast corresponding to tetragonal
precipitates, which are observed in between the coarsened regions, fluctuates as well.
In contrast, the agglomerated precipitates in the coarsened regions of 8YDZ-L5800
remain almost statically but separated. This difference in stability of the tetragonal
precipitates in the material indicates a difference in stability of the formed phase
depending on the location in the specimen.
The influence of the incident electron beam on the observed phenomenon was tested
by reducing the current density, the gun parameters and spreading of the illumina-
tion to a minimum for the observation of the precipitates themselves. The rate of
the fluctuations could in addition be reduced by the use of a liquid-nitrogen sample
holder in the TEM. Nevertheless, the fluctuation of the tetragonal regions in 8YDZ-
AS were observed as well.
At present, it is not possible to distinguish if the fluctuations are induced by electron-
beam irradiation, i.e., local heating and/or charging, or if it is an intrinsic property
of the materials. However, the fluctuations indicate the instability of the observed
tetragonal regions — irrespective of the cause.
3.2.3 Volume Fraction of Tetragonal YDZ
For the discussion of the observed microstructural evolution of 8YDZ it is meaning-
ful to get an idea of the volume fraction of the non-cubic regions in the investigated
YDZ specimens. Therefore, two complementary methods were tried out. The indi-
rect method by analysing the intensities measured in electron diffraction turned out
to be inappropriate to reliably determine any volume ratio of tetragonal to cubic
YDZ. This is mainly caused by the fact that the structure factors especially of the
nanoscaled tetragonal precipitates are not known satisfyingly and may in addition
vary within the precipitates. Also, dynamic scattering depending on local sample
thickness and size of the tetragonal regions may contribute to the uncertain deter-
mination of the volume fraction using the weak additional reflections.
As direct method, the evaluation of the distribution of the tetragonal precipitates
from dark-field images was utilized. This procedure failed for the homogeneous dis-
tributions of nanoscaled precipitates observed in as-sintered 8YDZ, 10YDZ-AS, and
10YDZ-H, because the regions are only separable in extremely thin regions due to
the contrast overlap in regions thicker than approximately 10 nm.
Nevertheless, the procedure turned out to be suitable to determine limits for the
volume fraction of the coarsened regions in 8YDZ-H and 8YDZ-L5800 since these
regions appear as separable regions up to local TEM thicknesses of about 50 nm.
For the evaluation, a wedge-shaped lamella of 8YDZ-L5800 with a given angle of 15°
was prepared by FIB Ga-ion milling. This sample consisted of a few grains. One
of the grains was intrinsically oriented with the surface normal close to [110]. To
validate the wedge angle, bright-field and corresponding dark-field micrographs of
this grain in g⃗ = (111) and g⃗ = (002) 2-beam conditions were analysed with respect
to the thickness contours due to dynamic scattering. The bright-field and corre-
sponding dark-field image of the grain with g⃗ = (111) is presented in Fig. 3.10a and
Fig. 3.10b. Despite the strong strain contrast in both images, one can estimate the
location of thickness contours by averaging the image intensities parallel to the edge









Figure 3.10: a) Bright-field micrograph and b) corresponding dark-field micrograph
of wedge-shaped FIB lamella of 8YDZ-L5800 oriented in g⃗ =(111) two-beam condi-
tion close to the [110] ZA. Orientation is close to the surface normal of the sample.
c) Bright-field micrograph of 30° tilted sample. The projection of grain boundary
in the field of view appears broadened in comparison to a).d) Dark-field micrograph
using tetragonal (112) intensity to visualize the coarsened mainly tetragonal regions
in 8YDZ-L5800. The dashed rectangle in the images marks the sample region, which




Figure 3.11: a) Calculated amplitude of (000) and (111) reflections (Bloch-wave and
multislice simulations) depending on thickness in the same orientation as the images
in Fig. 3.10a and b were taken. b) Averaged (parallel to the sample edge) intensity
distributions of the bright-field and dark-field images presented in Fig. 3.10a and b.
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and (111) ≈ 50 nm were obtained from simulations using JEMS [168]. Therefore, the
amplitudes of the transmitted and the (111) beam depending on sample thickness
were calculated by Bloch-wave and multislice calculations for the defined orienta-
tion of the TEM sample. The dependency of these values on the local thickness
is plotted in Fig. 3.11. While discrepancies can be recognized between the absolute
values of the amplitudes calculated by both methods, the positions of the minima
and maxima of the corresponding curves, marked as vertical lines in Fig. 3.11, are
nearly the same for the Bloch-wave and the multislice simulations.
The local sample thickness of one extinction length is reached in a distance d of
about 300 nm from the edge of the lamella, as indicated in the averaged intensity
distributions of the bright-field and the dark-field image in the evaluated sample
region (cf. Fig. 3.11). From these images, the estimated wedge-angle, which was




, resulted in 9°±2°.
The field of view presented in Fig. 3.10 includes a slightly tilted grain boundary,
which is marked by the dashed white lines for better visualization. This grain
boundary was used for a second test of the local thickness, since the projection of
this tilted grain boundary broadens when the sample is tilted with the tilt axis in the
grain-boundary plane. Fig. 3.10c shows the same region of the sample after tilting
30°. As can be recognized, the width of the grain boundary projection increased.
This increase of the width of the projection was additionally used to estimate the
local sample thickness. Both methods yielded a thickness of well over 50 nm in a
distance of nearly 300 nm from the sample edge.
The discrepancy between nominal (15°) and measured (9°±2°) wedge angle was ex-
pected due to the small thickness with respect to the size of the interaction volume
of the Ga ions during FIB milling. Thus, sputtering has to be expected on both sur-
faces of the wedge, resulting in an increased milling rate in thinner sample regions.
Fig. 3.10d shows the dark-field image using the intensity of the tetragonal (112)
reflection visualizing the coarsened tetragonal regions. The projected size of the
evaluated region (square marked by dashed lines in Fig. 3.10a-c) is 300 x 500 nm2.
In order to determine the volume fraction, this marked region was sectioned into 9
fields, as indicated in dark-field micrograph of Fig. 3.10d, each 32 nm wide.
A few assumptions, which were made for determining a lower and an upper limit
for the volume fraction, are mentioned in the following. Most of all, one has to
take into account the truncation of the spherical regions at the surfaces of the TEM
sample during ion etching. With decreasing thickness, an increasing fraction of the
identified regions is not completely situated in the TEM sample.
• Only coarsened regions, which were clearly identified, were counted in each
field
• These numbers include truncated (up to 50%) regions situated at both surfaces
of the wedge-shaped sample
• Coarsened regions, which were truncated more than 50%, could ocularly not
be detected in the dark-field micrograph of the FIB lamella that was taken at
intermediate magnification
A lower limit for the volume fraction was determined by multiplying the counted
number of regions with the factor PI = (t − 2d)/t (t local average thickness in the
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specific field, d diameter of coarsened regions ∼4.5 nm). The factor PI stands for the
probability that the detected regions are completely embedded in the TEM sample
and not truncated. This correction ensures that detected but truncated coarsened
regions are not taken into account for the determination of the lower limit.
To determine an upper limit, both the truncated regions, which were detected as
well as all regions, which were not recognized, have to be added to this value. There-
fore, the number of the detected but truncated regions is calculated by multiplying
the number of counted regions by the factor PT = 2d/t.
The number of truncated regions, which were not detected arises to the same num-
ber. The truncated regions that are mainly in the specimen and those that are
mainly truncated complement each other. Thus, this calculated number has to be
used to determine the volume of truncated coarsened regions.
The determined value for coarsened regions which are situated within the FIB
lamella resulted in 244, while the upper limit for all regions including the trun-
cated ones arises to 292. The volume of one coarsened region with a mean radius of
4.5 nm arises to 382 nm3.
Since only one of the three variants of the tetragonal phase is visualized in Fig. 3.10d,
this is when the incident electron beam is perpendicular to the c-axis of the tetrag-
onal phase, the factor 3 has to be taken into account when calculating the volume
fraction of the coarsened tetragonal regions. Taking the uncertainties of the final
wedge angle into account, the limits for the calculated volume fraction arise to
12 vol% and 7.5 vol%. Hence, the estimated volume fraction of tetragonal coarsened
regions in 8YDZ-L5800 is about 10±3 vol%.
3.2.4 Chemistry on the Nanoscale
Due to the complexity of the phase diagram, the discussion about the microstruc-
tural coarsening of 8YDZ during heat treatment necessarily requires the examination
of the chemical evolution on the nanoscale. If the microstructural decomposition of
8YDZ into the cubic and tetragonal YDZ phase has indeed progressed in 8YDZ-H
and 8YDZ-L5800 in comparison to 8YDZ-AS and 8YDZ-ASH, variations have to
be expected of the local Y and O concentrations on the scale of the agglomerated
precipitates with a reduction of the Y concentration in the coarsened regions.
While the microstructure regarding the distribution of the tetragonal-type phase
was determined for the as-sintered and heat-treated 8YDZ and 10YDZ specimens,
as discussed in the previous part, the chemical composition with respect to the local
oxygen as well as Zr and Y contents was extensively studied by means of EDXS and
EELS only for 8YDZ before and after heat treatment.
The cation concentrations were measured quantitatively by EDXS and EELS, while
EELS is more appropriate to monitor variations of the local oxygen content by the
analysis of the intensity of the O-K ionization edge. To validate the EDXS results,
local variations of the EELS intensities of the Y-L2,3 and Zr-L2,3 ionization edges
were, in addition, quantitatively evaluated.
Since the coarsened regions embedded in the grains of 8YDZ-H are of sizes below
about 10 nm (Fig. 3.7), the analytical experiments had to be conducted in thin TEM
sample regions with thicknesses in the range of a few nm to 30 nm. Such thin re-
gions turned out to be most suitable to monitor local chemical variations in the














Figure 3.12: HAADF STEM images of representative wedge-shaped TEM sample
regions of a) 8YDZ-AS and b) 8YDZ-H, in which analytical line-scan experiments
were performed systematically. The given local thicknesses were estimated from
EELS by the evaluation of low-loss spectra, taking the mean free path for plasmon
excitation into account (cf. § 2.2.3).
regions. A second important advantage is that multiple scattering, which occurs at
larger thicknesses, could be neglected, evaluating the EELS data in this study.
Systematic analytical line-scan experiments with the simultaneous acquisition of
EEL and EDX spectra were performed parallel to the edge of wedge-shaped TEM
sample regions of as-sintered 8YDZ and 8YDZ-H at different distances to the sample
edge. This procedure allows the assumption that the TEM sample thickness is nearly
constant along each line. Fig. 3.12 depicts HAADF STEM images of representative
sample regions of 8YDZ-AS and 8YDZ-H, in which systematic measurements were
carried out. Both micrographs were recorded immediately after the experiments.
Thus, the locally reduced sample thickness along the lines due to electron-beam in-
duced damaging is visible in both images. The cloudy contrast in Fig. 3.12b results
from local charging of the TEM sample in the imaging mode.
The length of each line scan was set to 50 nm, including 50 measuring points (1 point
per nm). The dwell time per point was 20 s (core-loss EELS) or 5 s (low-loss EELS),
depending on the energy-loss range and the illumination parameters which were op-
timized in order to maximize the collected intensity in EELS (see Table 3.2). Drift
correction during a line-scan acquisition was performed each 10 spectra. Hence, the
overall exposure time per line scan was about 20 minutes (core-loss EELS).
In the following, some experimental aspects of quantitative EDXS and EELS, which
emerged during data evaluation, are summarized, using the results of the example
of as-sintered 8YDZ. Readers who are more interested in the analytical results re-
garding the changes of the chemical composition of 8YDZ before and after the heat















Figure 3.13: Representative EDX spectrum of one of the analytical line-scans (local
sample thickness 14 nm, acquisition time as used for line-scan experiments 20 s) of
as-sintered 8YDZ, showing all element-specific emission lines.
Qualitative EDXS
In EDXS, all element-specific X-ray emission lines of oxygen as well as the cations
are observed in the recorded spectra, as shown representatively in Fig. 3.13.
Due to the relatively short dwell time, the small TEM sample thickness in the
studied regions and the small solid angle covered by the EDX detector, the overall
X-ray intensities are relatively low (Fig. 3.13), resulting in large statistical variations
compared to simultaneously recorded EELS data.
Despite the low detector efficiency at low X-ray energies, the O-K emission line is
clearly visible at 0.525 eV. Due to the insufficient energy resolution of about 85 eV
at 2 keV, the series of L X-ray emission lines of yttrium and zirconium cannot be
resolved as single lines. In contrast, the K and K emission lines of Zr and Y
at higher energies can clearly be separated as shown in Fig. 3.13. The background
intensity due to bremsstrahlung is negligible at these high energies. Nevertheless,
the background below the K emission lines of the cations was linearly interpolated
and subtracted in order to determine the element-specific net intensities.
Qualitative EELS
An overview about the characteristic energy losses of the primary electrons in 8YDZ
including the low-loss region and the element-specific ionization edges is given in
Fig. 3.14.
The electron configurations of Zr and Y atoms are [Kr] 4d2.5s2 and [Kr] 4d1.5s2, re-
spectively. Assuming oxidation states of 4+ for Zr ions and 3+ for Y ions in 8YDZ,
similar as in the reference materials, both Zr4+ and Y3+ have the same electron con-
figuration as [Kr]. This means, the K, L, and M shells are filled completely, while
only the 4s and 4p states of the N shell are filled with electrons. Therefore, the









Figure 3.14: Overview about the detectable electron energy-loss features of 8YDZ
including the zero-loss peak followed by the plasmon peaks and the element-specific
ionization edges up to 2400 eV. The spectrum covers the three energy-loss ranges I,





























150 77 33.3 19.2 20
Table 3.2: Experimental parameters for quantitative EELS using the FEI Titan
microscope.
In contrast, only transitions from the 4s1/2, 4p1/2, and 4p3/2 states of the N shell
can be observed (N1, N2, and N3 ionization edges).
Since the spectral intensity in EELS dramatically decreases with increasing energy
loss, for better visibility the intensities in the different energy-loss ranges in Fig. 3.14
are depicted with a gain of 500 and 104, respectively.
The initial intention was to simultaneously record the M ionization edges of the
cations as well as the O-K ionization edge (energy-loss range II in Fig. 3.14) for
quantitative analyses. Therefore, the dispersion of the energy filter was set to 0.3 eV
per channel for all EELS measurements. This leads to a theoretically covered energy
window of about 615 eV, using the 2k x 2k CCD camera of the GIF (2048 channels).
EEL spectra in the three different energy-loss ranges depicted in Fig. 3.14 were
recorded to observe all relevant ionization edges of Y, Zr, and O, respectively.
Low-loss spectra with the elastically scattered intensity (zero-loss peak) were ob-
tained to estimate the local sample thickness according to Eq. 2.9.
Spectra in the energy-loss range of 120–730 eV (cf. Fig. 3.14, energy-loss range II)
were recorded, which include the M ionization edges of both cations as delayed max-
ima as well as the O-K ionization edge at 532 eV.
To record the L2,3 ionization edges of Y (2080 eV) and Zr (2222 eV), spectra were
acquired in the energy-loss range of 1860–2470 eV (cf. Fig. 3.14, energy-loss range
III).
The experimental settings for the used FEI Titan microscope, including condenser
aperture, camera length, convergence and collection semi-angles as well as dwell
time for the different energy-loss ranges, are summarized in Table 3.2.
In the following, representative spectra of as-sintered 8YDZ are presented for the
recorded energy-loss ranges. Reference spectra obtained from the Y2O3 and ZrO2
nanoparticles (cf. § 3.1.3) at similar sample thicknesses are plotted for comparison.
These reference spectra were recorded using the same experimental conditions as
used for the line-scan experiments (Table 3.2).
Since no significant changes of the near-edge fine structures of the element-specific
ionization edges were observed along the analytical line scans using an energy resolu-






Figure 3.15: HAADF STEM images of a) ZrO2 and b) Y2O3 nanoparticles, both
used as references for the quantitative evaluation of EEL spectra of 8YDZ.
the spectra in different spectral energy-loss ranges of 8YDZ with spectra of the ref-
erence materials will only be outlined in a qualitative way.
To prevent spectral intensity caused by the carbon film, onto which the nanoparticles
were deposited, the reference spectra were taken from nanoparticles protruding the
carbon Lacey film. HAADF STEM images of such regions, from which the reference
spectra were taken, are presented in Fig. 3.15 (see arrows). Since the cross-section
of the thin Lacey film for scattering into large angles is very low, the film itself is
only faintly observable in the images without gamma correcting the raw data.
In the low-loss region of 8YDZ, two pronounced peaks at 14.4 eV and 25.2 eV, re-
spectively, due to plasmon excitations are measurable (Fig. 3.16). The positions of
the maxima correspond to the energy losses due to plasmon excitation observed in
the monoclinic ZrO2 nanoparticles. The Y2O3 reference spectra on the other hand
only show one pronounced plasmon peak with an energy loss corresponding to the
first peak of ZrO2 at 14.4 eV. The most obvious difference between 8YDZ and the
reference materials is the more pronounced second plasmon peak at about 25.2 eV.
The third maximum at about 42 eV in the low-loss spectra of 8YDZ is mainly due
to the N2,3 ionization edge of the zirconium ions. A slight bump on the rising side
of this edge, which is attributed to the overlapping intensity of the N2,3 ionization
edge of the yttrium ions, can be recognized comparing the curve of 8YDZ obtained
at 25 nm with the spectrum obtained from the ZrO2 reference at a similar thickness.
It has not been possible to separate element-specific signals for quantitative EELS
in this energy-loss range up to now.
The shapes of the M ionization edges of pure ZrO2 and Y2O3 appear similarly as
delayed maximum with the M5 ionization edge (peak), followed by a pronounced
broadened peak due to the M4 ionization edge. The weak but sharp M2,3 peaks are
situated on the falling background of the M4,5 ionization edge, while the M1 ioniza-
tion edges, which should be observable as abrupt onsets at 394 eV (Y) and 430 eV
(Zr), are only vaguely detectable. The different features of the M ionization edges
are marked exemplarily for Zr in Fig. 3.17.
Since the M4,5 ionization edges of Zr and Y strongly overlap and since the given Y
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Figure 3.16: Low-loss EEL spectra of 8YDZ at 25 nm and 34 nm, low-loss spectra
of both reference materials.
Y
Figure 3.17: Background-subtracted EEL spectra of ZrO2, Y2O3, and 8YDZ in
energy-loss range II including M4,5 ionization edges of Y and Zr as well as the O-K
ionization edge at 532 eV.
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Figure 3.18: Background-subtracted O-K ionization edge of ZrO2, Y2O3, and 8YDZ
at 532 eV energy loss.
content is only 17 at%, in this energetic range the EEL spectra of 8YDZ are mainly
determined by the Zr ions. Nevertheless, a weak maximum can be faintly observed
at the rising edge of the Zr-M4,5 ionization edge, indicating the presence of Y in the
material. This maximum corresponds to the Y-M5 ionization edge.
In the spectra the O-K ionization edge is present at 532 eV as weaker feature in
comparison to the M ionization edges of the cations (cf. Fig. 3.17). For better vis-
ibility this region is magnified in Fig. 3.18. In Fig. 3.17 it can be recognized that
the jump ratio, i.e., the ratio of the O-K signal and the background, in the spectra
is different despite the same parameters used for the acquisition. This has mainly
been attributed to the different stoichiometries of ZrO2, Y2O3, and 8YDZ.
Fig. 3.18 shows the near-edge fine structures of the O-K edge of 8YDZ in contrast to
those of the two reference materials in detail. Any energetic shift of the edge onset
could not be resolved within the detection limits.
While this ionization edge clearly shows a double-peak structure for the Y2O3 nano-
particles with two maxima at 536.8 eV and 541 eV, respectively, only one asymmetric
maximum at about 539.8 eV is found for the ZrO2 nanoparticles at the used energy
resolution. A similar near-edge fine structure of the O-K ionization edge as for
ZrO2 is observed in 8YDZ within the first 10 eV from the edge onset (532–543 eV).
A second distinct maximum is observed at 547.6 eV for 8YDZ, while a few weaker
maxima are present in the near-edge structures of the reference spectrum of pure
ZrO2. The similarity of the spectra obtained from 8YDZ and the ZrO2 nanoparticles
is explained by the dominance of Zr as the main cation in 8YDZ. The differences
at higher energy-losses arise from differing coordination in the monoclinic ZrO2 in
comparison to the mainly cubic structure of 8YDZ.
The Zr-L2,3 and Y-L2,3 ionization edges of the reference materials as well as of 8YDZ
are shown in Fig. 3.19. As the M4,5 ionization edges, the L2,3 edges of Zr and Y ex-
hibit similar features but at different energy losses. The most pronounced features
of these ionization edges are the sharp white lines at the onsets of each ionization







Figure 3.19: Background-subtracted Zr-L2,3 and Y-L2,3 ionization edges of ZrO2,
Y2O3, and 8YDZ.
(Fig. 3.19).
Homogeneity of As-Sintered 8YDZ
As outlined in § 2.2.2, the K emission lines of the cations (cf. Fig. 3.13) were used
to quantitatively investigate the local Y and Zr contents along the measured line
scans. The k-factor kZrY of 1.023±0.007 was determined by summing up at least
500 line-scan EDX spectra of as-sintered 8YDZ, obtained at sample thicknesses in
the range of 10–30 nm. This procedure yielded a negligible statistical error of the
factor.
Fig. 3.20 shows the quantified Y content of two representative line-scan experiments
within a series of parallel line scans of 8YDZ-AS, obtained at thicknesses of 9 nm and
21 nm, respectively, simultaneously recorded with the EELS data in the energy-loss
range II.
As the thickness and thus the recorded intensities in the spectra increase, the varia-
tions of the Y content along the line scans decrease. The mean value of the Y content
within each line scan is shown in Fig. 3.20 (measurements belong to line-scan series
1). The values of line-scan series 2 and 3 were evaluated from further systematic
measurements recorded simultaneously with EEL spectra using energy losses in the
ranges II and III.
The evaluated mean Y contents of all three series of line scans (Fig. 3.21a) coincide
well with the given dopant content of 17mol% on the cationic sublattice correspond-
ing to 8.5mol% Y2O3 at local thicknesses larger than 10 nm.
Only in thinnest regions below about 10 nm, being inappropriate for analyses due to
predominant electron-beam induced damage as discussed in § 2.2.2, the Y content
appears to be underestimated.













Figure 3.20: Y content (EDXS) along two representative line scans of 8YDZ-AS
obtained at thicknesses of 9 nm and 21 nm.
values within each line-scan experiment of series 1 (cf. Fig. 3.21b) are presented.
These deviations are marked by thin cap lines. To judge the strong variations of
the Y content regarding chemical inhomogeneities in the as-sintered material, the
statistically expected standard deviations arising from error propagation due to the
low intensities in EDXS are plotted as thick cap lines for comparison. These values
are slightly but systematically smaller than the experimentally obtained ones. Up
to now, the reason for this systematic disagreement has not been found.
To clarify any chemical inhomogeneity on the cationic sublattice in the as-sintered
8YDZ, EEL spectra including both Y and Zr ionization edges were analysed regard-
ing the local cationic composition.
Quantitative EELS
As summarized in Fig. 3.14, different element-specific intensity contributions were
recorded simultaneously, depending on the evaluated energy-loss range.
Two different procedures were used to evaluate the experimental data regarding
chemical composition and homogeneity along the experimental line scans. On the
one hand, k-factors, which make the connection between net intensities of different
elements were used to directly quantify the local composition for each single spec-
trum along the line scans. In this case, any correction for the local thickness is not
necessary as discussed for quantitative EDXS (cf. § 2.2.2).
The second option is the evaluation of the homogeneity of the net signal attributed
to a specific element along the line scans. This procedure obviously necessitates
the correction with respect to the local sample thickness since the thickness slightly
varies along the line scans, as will be shown in the following.
It turned out during evaluation of the spectral data in the energy-loss ranges I and II
(cf. Fig. 3.14) that both the N as well as the M ionization edges of the cations have
been inappropriate up to now to determine the local cation contents. This is caused




Figure 3.21: a) Mean values of the Y content in representative line-scan series
of 8YDZ-AS. b) Experimental deviation from the mean value (thin cap lines) in
comparison to the theoretically expected standard deviation (thick cap lines) within
line-scan series 1. In both figures, the lines between the measuring points are guides
to the eyes to associate related line-scan experiments of a studied region.
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with this element, which is superposed by much strong intensity contributions due
to the Zr ions. In the following, the quantitative evaluation of the Zr-L2,3 and Y-L2,3
ionization edges in energy-loss range III using both above-mentioned procedures will
be described in detail.
In energy-loss range II, only the net signal of oxygen was analysed with respect to
variations of the anion content in as-sintered 8YDZ and 8YDZ-H along the measured
line scans, using the second outlined procedure.
L Ionization Edges In energy-loss range III (cf. Fig. 3.14), the subsequently fol-
lowing L ionization edges of the cations were simultaneously recorded with the EDX
spectra of line-scan series 2 (cf. Fig. 3.21). The four line scans parallel to the sample
edge were taken at thicknesses in the range of about 10–30 nm.
After determination of the net signals of Y and Zr by MLLS fitting the reference
spectra to the experimental data, the local composition on the cationic sublattice
was evaluated applying the outlined procedures. First, the thickness-correction us-
ing a correction factor N extracted from an integral background intensity or the
MLLS-fit parameter for the background for each spectrum will be described. Sec-
ondly, the results of the direct quantification are presented.
The four separate images in Fig. 3.22 show the set of four recorded line scans of
8YDZ-AS in the energetic region of 1800–2550 eV, as visualized in Digital Micro-
graph. Each image stands for a data set of 50 spectra, chronologically recorded
(each 1 nm) from the top to the bottom along a single line scan. The estimated
local sample thickness was about 9 nm, 14 nm, 21 nm, and 27 nm, respectively.
The L3 and L2 white lines of the ionization edges are apparent as white lines in the
gray-scale images. It can be noticed that noise within the line-scan data sets de-
creases with increasing sample thickness, since the signal intensity increases linearly
with increasing thickness.
The slight decrease in the local thickness for single spectra within a line scan appears
as reduced line intensity in the image. Black arrows on the right-hand side of the
graph mark spectra with ocularly reduced intensity within the line scans.
The slightly reduced intensity at about 1880 eV (marked by the white arrow), which
can be seen in all line scans, is explained by switching from zero-energy loss (zero-loss
peak) to the core-loss region, causing the locally varying sensitivity of the scintillator
of the GIF CCD camera.
As described above, the L ionization edges of Y and Zr partly overlap. MLLS fitting
(§ 2.2.3) of each individual spectrum of the experimental sets of spectra within a line
scan by the Zr-L2,3 and Y-L2,3 reference spectra (Fig. 3.19) was utilized to extract
the element-specific signal contributions.
The background reference spectrum, which was used for the evaluation of a line-scan
data set, was obtained from the sum spectrum of all spectra of this specific line scan
by fitting a power-law function in the energetic range of 1860–2060 eV. This assures
optimum consideration of experimental settings and conditions on the background
reference spectrum. Finally, the reference spectrum was normalized to the highest
intensity at lowest energy loss in the spectrum.
In the following, the evaluation of the line scan obtained at 14 nm (Fig. 3.22) is
described exemplarily in detail. For all other data sets, only the most important
results will be presented.
Fig. 3.23 shows the representative MLLS fit of the reference spectra applied to the
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Figure 3.22: Visualization of a representative series of line scans of 8YDZ-AS, ob-
tained in energy-loss range III at local thicknesses of 9 nm, 14 nm, 21 nm, and 27 nm.
Each image represents the grey-scale coded spectra of a line scan from the first (top)
to the last (bottom) recorded spectrum as visualized in Digital Micrograph. The








Figure 3.23: Representative MLLS fit of a single 8YDZ spectrum. The signal con-
tributions, i.e., background, Y-L2,3 ionization edge, and Zr-L2,3 ionization edge are
separated by dashed lines. The residuum between experimental data and fit is plot-
ted below the spectrum. The evaluated integral intensities IZr-L2,3 and IY-L2,3 are
marked by shaded areas.
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randomly chosen spectrum No. 17 of the line-scan data set obtained at 14 nm sample
thickness (Fig. 3.22). In the energy region with strongly overlapping element-specific
intensities (energy losses >2080 eV), each specific contribution of the MLLS fit re-
lated to Y or Zr is marked separately by a dashed line.
The lowest dashed line marks the contribution of the background estimated from the
curvature of the pre-edge background. The line above stands for the contribution of
the pre-edge background plus the Y signal. The weighted sum of reference spectra
superposing the experimental curve coincides well with the experimental spectrum
data despite slight differences in the shapes of the sharp white lines.
The graph below the original spectrum shows the differences between fit and spec-
trum data. The typical symmetrical shape of the residuum in the energy-loss ranges
of the white lines arises from the difference in width and height of the white-line
peaks. Nevertheless, the residual integral intensities within the energy-loss ranges
used for quantification averages out, which results in negligible residual intensity
contributions on the scale of the accuracy of this method for both integral intensi-
ties of Y and Zr.
Element-specific integral intensities IZr-L2,3 and IY-L2,3 within wide energy-loss win-
dows of in each case 125 eV from edge onset (marked as shaded areas in Fig. 3.22)
were used for the quantification. These were determined by multiplying the element-
specific MLLS-fit parameter with the integral intensity of the respective reference
spectrum in the specific energy-loss range.
Both extracted integral net intensities of Y and Zr, respectively, along this line scan
are shown in Fig. 3.24a. As expected from single spectra of 8YDZ (cf. Fig. 3.23), the
intensity of Zr is about five times higher than the net intensity the Y-L ionization
edge. This is mainly attributed to the similarity of the shapes of the ionization edges
as well as the chemical composition of 8YDZ with 17mol% Y2O3.
Minor variations of both signals, which in principle run parallel, correlate with
the variations of the MLLS fit parameter for the background intensity (compare
Fig. 3.24a with 3.24b).
To verify the quality of the background MLLS fit parameter as measure for the local
thickness, the normalized integral pre-edge background intensity in the energy-loss
range of 1960–2060 eV is plotted in Fig. 3.24b. Since both graphs are almost equal,
the fit parameter excellently represents the background intensity.
Since the pre-edge background far from ionization edges at lower energy losses is
assumed to be directly thickness depending, it is concluded that the variations of the
element-specific net signals can be mainly explained by the change of local sample
thickness.
For the direct quantification of each spectrum of the line scans of Fig. 3.22, the fac-
tor k̂Zr,Y = 0.99±0.02 was determined by averaging the k-factors kZr,Y determined
from the sum spectra of each line scan. Therefore, Eq. 3.1 was used to correlate the








Using this factor k̂Zr,Y, the local Y content was determined as described by Eq. 3.2,
which is analogous to the equation used for quantitative EDXS (cf. Eq. 2.6). There-











Figure 3.24: a) Integral intensity of Y and Zr derived from MLLS fitting, b) nor-
malized MLLS parameter for the reference background in comparison with the nor-
malized integral pre-edge background intensity (1960–2060 eV).
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k̂Zr,Y ⋅ IZr + IY
(3.2)
Both the distributions of the Zr as well as the Y content along the line scan resulting
from the net intensities (Fig. 3.24a) are shown in Fig. 3.25a. The values for the Zr
and Y content vary in the ranges of 82–83.8 at% (83±0.5) and 16.2–18 at% (17±0.5),
respectively.
The second graph (Fig. 3.25b) presents the thickness-corrected net intensities for
both cations using the MLLS fit parameter for the background to correct the mea-
sured intensities of Fig. 3.25a. Therefore, each integral intensity of Y and Zr, re-
spectively, was divided by the related fit parameter. Comparing the variations in
the distributions of the thickness-corrected net signals with the directly quantified
Zr and Y contents leads to the conclusion that the accuracy of the direct quantifi-
cation is slightly better than the thickness-correction method. Nevertheless, this
procedure of using a spectral energy range, which was recorded with the element-
specific signal, yields the best choice if one likes to compare element-specific signals
in regions where the thickness during/after the experiment is not known accurately,
i.e., regions that became damaged during the measurement.
In summary, it can be stated that the ranges of variation of the local Y and Zr
contents by quantitative EELS, which were similar for all studied line scans, are
independent on the local sample thickness in the investigated range of sample thick-
nesses. The final accuracy is not influenced as much by statistics. Furthermore, it is
mainly limited by the quality of the reference spectra, i.e., the shape of the reference
spectra with respect to the experimental data, leading to finite residua between the
measured data and the MLLS fit.
Oxygen Content The original intention of the simultaneous recording of the Y-
M4,5 and Zr-M4,5 ionization edges and the O-K edge in energy-loss range II was the
quantification of both the oxygen as well as the cationic contents along the line scans
by the k-factor method.
However, since it was not possible to separate the net intensities of the M ionization
edges of Y and Zr in a reliable manner, the local oxygen net intensity could not be
quantified with respect to the cationic intensities. Nevertheless, the homogeneity of
the oxygen content was conveniently evaluated by thickness-correcting the element-
specific net signal. Therefore, the extracted and thickness-corrected net intensity of
the O-K ionization edge was used as measure for the local oxygen content.
For signal integration, an energy window Δ=50 eV from the edge onset (532 eV)
was used to minimize the influence of local properties (ELNES) on the evaluated
integral intensity. To prevent artificial variations (cf. § 2.2.3) of the oxygen net sig-
nal, which may arise from the well-established procedure by background modelling
and subtraction for each individual spectrum along a line scan, MLLS fitting of the
spectra of the line scans was utilized using intrinsic reference spectra.
Therefore, a background reference as well as the O-K edge reference were obtained
from the sum spectrum of each line scan to evaluate this specific set of spectra.
Multiplying the distribution of MLLS-fit parameters for the O-K reference spec-
trum with the integral intensity of the reference spectrum (532–582 eV) leads to the






















Figure 3.25: a) Quantified Y and Zr contents of 8YDZ-AS along the line scan
presented in Fig. 3.24. b) Thickness-corrected net intensities of Y and Zr.
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distribution along a line scan is shown exemplarily in Fig. 3.26a. It exhibits similar
untrustworthy variations as the net signals of Zr and Y in Fig. 3.24a.
For thickness correction, after normalization with respect to the highest value the
integral intensity IBG in the energy-loss range of 700–750 eV was used for thickness
correction. The resulting distribution of the thickness-correction factor N along the
line scan is plotted in Fig. 3.26a. To achieve thickness correction of the O-K net
signal, each value along the line scan was divided by the related value N of this
distribution.
The quality of this factor was tested by a second integral pre-edge background (135–
160 eV) directly situated in front of the Y-M4,5 and Zr-M4,5 ionization edges. For
comparison, the distribution of this value is plotted as dashed line in Fig. 3.26a.
The trends of both plots are similar, regardless of the different element-specific con-
tributions in the evaluated energy-loss ranges. This leads to the conclusion that
both integral intensities situated more or less far from element-specific ionization
edges at lower energy losses are suitable as measure for the local sample thickness.
Finally, the thickness-corrected distribution of the O-K net intensity (Fig. 3.26a) is
shown representatively in Fig. 3.26.
The mean value of IO-K for this representative line scan arises to 450938 ± 4238 (1
) counts, resulting in a relative error of about 1%. This accuracy counts for all
evaluated line scans regardless of the local sample thickness within the investigated
range of sample thickness, as discussed before for the evaluation of the L ionization
edges.
The accuracy of this semi-quantitative treatment of the element-specific net inten-
sity, resulting in slight variations of only one percent along the line scan (Fig. 2.11),
is of similar order as the variations of the Y and Zr contents obtained by the direct
quantification using a k-factor (Fig. 3.25) in spite of the necessity of the normaliza-
tion with respect to the local sample thickness.
Despite high integral intensities in EELS compared to EDXS, the accuracy of the
quantitative and semi-quantitative analyses is methodically limited to relative er-
rors of a few percent. The most important reasons are summarized in the following.
While for the quantification of the MLLS-fitted spectra, the quality of the reference
spectra has to be taken into consideration, the normalization with respect to the
local thickness along the line scans plays a key role for the evaluation of an individ-
ual element-specific signal. First of all, the extraction of the net signals from the
spectral data is limited by several factors.
1. Accuracy of the determined net signals is limited by
• Quality of reference spectra (contour)
• Slight energy drift of the spectrometer within a line scan
• Residuum of the MLLS fitting is of the order of a few percent of the count
rate
• Quality of the background estimation
2. Accuracy of the factor for thickness correction is limited by














Figure 3.26: a) Integral net intensity of the O-K ionization edge (Δ = 50 eV from
edge onset) obtained from MLLS fitting (straight line). Factor for thickness nor-
malization obtained from post-edge (700–750 eV) and pre-edge (135–160 eV) back-
ground. b) Thickness-corrected O-K net intensity.
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Since the above-mentioned factors are of the order of the resulting variations of the
Y, Zr, and O signals, any chemical inhomogeneity in the as-sintered 8YDZ has to
be of the order of or smaller than the observed variations in EELS. Furthermore,
one has to take into account the propagation of the primary electron beam through
the TEM sample, the thickness of which is limited to a minimum of about 10 nm,
and thus signal averaging.
Decomposition of 8YDZ at High Temperatures
The limits of the utilized analytical techniques were outlined in the previous part
on the basis of the evaluation of spectroscopic data of the as-sintered 8YDZ-ASH.
This material has been assumed to be optimal homogenized on atomic scale during
the heat treatment in the pure cubic phase field.
This was previously verified within the limitations of the applied analytical tech-
niques. In the following, the comparison between the element distributions of the
cations as well as oxygen in as-sintered and heat-treated 8YDZ (8YDZ-H) is drawn.
It will be shown that the coarsened regions (see Fig. 3.7), observed in heat-treated
8YDZ by dark-field imaging (Fig. 3.7), are strongly depleted in Y ions. This inho-
mogeneity on the cationic sublattice results in variations of the oxygen content in
the material.
Despite the lower sensitivity for variations of the local cationic composition, as
shown in the previous part, the Y and Zr contents in the following were obtained
by quantitative EDXS, which is suitable to detect the variations in 8YDZ-H.
To elucidate the corresponding O distributions, the thickness-corrected net signals
obtained from simultaneously recorded EEL spectra (energy-loss range II) along the
line scans are plotted in the same graphs.
Fig. 3.27 juxtaposes representative line scans of as-sintered 8YDZ-ASH (Fig. 3.27a)
and 8YDZ-H (Fig. 3.27b) obtained at different thicknesses between 8 nm and 30 nm
(thickness given for each plot). TEM sample regions with thicknesses below 10 nm
turned out to be inappropriate due to predominant electron-beam induced damage,
which is expected to cause the preferential release of oxygen ions. This is visualized
in the two upper graphs, where especially unreliably strong variations and trends of
the oxygen net signal are recognizable. Since even small holes along such line scans
were observed in HAADF STEM imaging immediately after the measurements, these
line scans are only presented for the sake of completeness. The statistical limitation
of EDXS at such small samples thicknesses in addition impedes the detection of
chemical variations on the cationic sublattice (compare both graphs of 8YDZ-ASH
and heat-treated 8YDZ-H).
In contrast, sample regions with thicknesses in the range of 15–30 nm are well suited
to investigate the chemical variations in 8YDZ-H after heat treatment.
As discussed, the Y distributions and the O-K net signals of 8YDZ-ASH, which
are also shown in Fig. 3.27, represent the limitations for the detection of chemical
variations. The element distributions of 8YDZ-H on the other hand representatively
show the features, which are detectable after the heat treatment. Despite the low
sensitivity of EDXS, strong variations of the local Y contents are observed in both
distributions, which surpass the statistical limitations more than 3 .
To correlate the local decrease of the Y content with widths on the scale of 5-10 nm
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Figure 3.27: Y content (EDXS) with corresponding thickness-corrected O-K net
intensity (EELS) of representative line scans at various thicknesses of a) 8YDZ-ASH
and b) 8YDZ-H. The local thickness is given in each graph.
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with microstructural features, the corresponding dark-field STEM image intensity
along the line scans is shown below each graph. Since this annular dark-field STEM
micrograph was exposed using an intermediate camera length of the microscope,
the detected intensity of tetragonal additional reflections led to the distinct inten-
sity variations in the resulting micrograph. Thus, coarsened, mainly tetragonal
regions as observed in conventional TEM dark-field imaging (cf. Fig. 3.7) appear
bright, while the mostly cubic matrix appears darker.
Comparing the trends of the Y content with the local image intensities leads to the
conclusion that the coarsened regions in 8YDZ-H are strongly depleted in Y ions.
Since in dark-field imaging only one of the three variants of the tetragonal phase
(c-axis can be aligned parallel to all three cubic main axes) can be visualized in
a single image, regions without increased image intensity but decreased Y content
were also found along the line scans. Such a region is exemplary marked by the
circle in Fig. 3.27.
The inhomogeneity of the Y content in 8YDZ-H causes slight but significant varia-
tions of the local O content. The corresponding O-K net signals are presented for
each Y distribution.
At first appearance, both distributions run rather inversely in comparison to the
plotted Y contents. From charge neutrality the decrease of the local oxygen-vacancy
concentrations in the Y-depleted regions is expected due to the generation of oxy-
gen vacancies by the presence of dopant cations (§ 2.1.1). This decrease of the local
vacancy concentration results in the increased O-K intensity since this intensity is
directly proportional to the number of oxygen ions in the probed sample volume.
But at second view, local drops of the O-K net signal below the mean value in the
vicinity of the Y-depleted regions become recognizable. Such regions are marked by
small arrows in both graphs. This signal decrease may indicate the tendency of the
oxygen vacancies to accumulate next to the Y-depleted regions.
3.2.5 Raman Spectroscopy
Raman spectroscopy as contrary technique was applied to study the formation and
evolution of the tetragonal phase in the 8YDZ thick-film electrolytes before (8YDZ-
AS, 8YDZ-ASH) and after heat treatment (8YDZ-H). The reference spectra ob-
tained from the 16YDZ single crystal and the polycrystalline 3YDZ specimen are
presented in Fig. 3.28b. While 16YDZ (c-YDZ) only shows one pronounced maxi-
mum at a Raman shift of 603 cm−1, the tetragonal 3YDZ specimen exhibits typi-
cal maxima [13, 148] at 262 cm−1, 324 cm−1, 466 cm−1, and 646 cm−1, respectively.
Hence, from Raman spectra the crystal structures of both specimens can clearly be
distinguished by this technique.
Two representative spectra of 8YDZ-AS and 8YDZ-H are shown in Fig. 3.28a. Vibra-
tional modes due to tetragonal symmetry were excited in the heat-treated specimen
(8YDZ-H). Thus, the spectrum of 8YDZ-H clearly shows maxima at wave numbers of
257 cm−1, 327 cm−1, and 468 cm−1 corresponding to the above-mentioned of 3YDZ.
The differences in the wave numbers may arise from the differences of the crys-
tal structures of the measured tetragonal-type phases. The second reason may be
differences of the lattice parameters, which depend on the composition (cf. Fig. 2.5).
Any excitation of tetragonal-type Raman bands in the spectra of 8YDZ-AS (Fig. 3.28a)
was not identified despite the fact that tetragonal-type nanoscaled precipitates were
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found in this specimen by TEM and SAED (cf. § 3.2.2). Raman spectroscopy failed
for the YDZ thin-film electrolytes since the intensity contributions due to the YDZ






Figure 3.28: a) Raman spectra (Stokes scattering) of 8YDZ-AS and 8YDZ-H.
b) Raman reference spectra (Stokes scattering) obtained from 3YDZ (t’-YDZ) and
16YDZ (c-YDZ). All spectra are normalized with respect to the Stokes maximum
at the highest wave number.
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3.3 Nanocrystalline YDZ Thin Films
The following part describes the properties of the YDZ thin films, which were pre-
pared in order to study the influence of grain size and thus grain-boundary density
on ionic conductivity in YDZ. The detailed microstructural and chemical character-
ization is indispensable to reliably evaluate and discuss the findings of the electrical
characterization that was performed by C. Peters from the Institute of Materials
for Electrical and Electronic Engineering in the context of his PhD thesis [16]. His
results are resumed in § 2.1.3.
Microstructural aspects like film thickness, grain size, and the distribution of the
observed phases were studied by bright-field as well as dark-field TEM techniques
in combination with electron diffraction. HAADF STEM imaging was utilized to
visualize the distribution of pores in the thin films, which exhibit remarkable resid-
ual porosity (specimens YDZ-650, YDZ-850, and YDZ-1000), since this method is
suitable to visualize local density variations. HRTEM in combination with EDXS
was utilized to investigate grain-boundary regions with respect to the segregation of
impurities during the calcination.
As mentioned in § 3.1.2, annealing temperatures up to 1350 °C were used to adjust
the mean grain size from the nano- to the microscale. The specimen heat-treated at
1600 °C (YDZ-1600) was used as reference for phase analysis since it can be expected




SEM was carried out to show the high quality of the prepared YDZ thin films on
the sapphire substrates. Representative top-view and cross-section images (imaging
using secondary electrons) of the specimens are shown in Fig. 3.29 for all calcination
temperatures. All films are free of cracks on the whole field of view of minimum
40 x 50 mm2. The cross-section analysis exhibits film thicknesses between 390 and
450 nm. The adhesion to the sapphire substrates is excellent. No indication for the
delamination of the films was found, which might occur during the calcination of the
thin films due to different thermal expansion coefficients of YDZ and the sapphire
substrates. Heat treating such films at 1600 °C (YDZ-1600) results in the disruption
of the YDZ thin film (as shown in Fig. 3.30) where single grains reached lateral di-
mensions of more than 20 µm.
To gain information about the morphology and chemistry especially of the nanocrys-
talline specimens, SEM is limited not only by a worse lateral resolution in compari-
son to TEM, but also by signal averaging in the bulky sample. This methodological
limitation is due to the size of the interaction volume of the primary electrons that
is much larger in SEM than in TEM. As example for this limitation, the porosity
in the nanocrystalline specimens YDZ-650, YDZ-850, and YDZ-1000 is mentioned.
The pores can only be vaguely recognized in the SEM images of these specimens
(cf. Fig. 3.29a-c). Hence, various TEM techniques were applied in order to gain
additional information about the micro- and nanostructure of the thin films. The
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Figure 3.29: SEM top-view and cross-section images of a) YDZ-650, b) YDZ-850,
c) YDZ-1000, d) YDZ-1250, e) YDZ-1350, and f) YDZ-1400.
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5 µm
Figure 3.30: Top-view SEM image of YDZ-1600.
Morphology
Fig. 3.31 shows TEM bright-field cross-section images of the thin films after the fi-
nal heat treatment (YDZ-650 – YDZ-1350) to give an overview of grain size, film
thickness and microstructural homogeneity of the prepared films.
The specimens YDZ-650 – YDZ-1000 in good approximation consist of isotropically
grown grains as can be seen in Fig. 3.31a–c, while the size of the grains reaches the
film thickness in YDZ-1250 and YDZ-1350. For YDZ-1350, the mono-layer type film
consisting of brick-shaped grains is depicted in Fig. 3.31d.
Specimen YDZ-650 (Fig. 3.31a) obviously shows a layered morphology that is ex-
plained by the 10-fold dip coating. In contrast, a layered microstructure was not
detected by bright-field imaging in the specimens, which were annealed at temper-
atures exceeding 650 °C. In those cases, a layer-type morphology is not observed in
the micrographs of Fig. 3.31b-d. As will be shown later, the specimen heat-treated
at 850 °C (Fig. 3.31b) also exhibits residual density variations due the 10-fold dip
coating.
The specimens heat-treated up to 1000 °C exhibit nearly uniform film thicknesses
(Fig. 3.31a–c), whereas the local thickness of the thin films of YDZ-1250 and YDZ-
1350 (Fig. 3.31d) varies due the large lateral extension of the grains, reaching or
even exceeding the film thickness. Nevertheless, apart from being uniform in thick-
ness for one specific tempering temperature, the averaged electrolyte film thickness
decreases with increasing annealing temperature for the specimens heat-treated up
to 1250 °C as summarized in Table 3.3. This is due to the remaining volume fraction
of porosity in those films, as will be shown later. This volume fraction was found to
decrease with increasing calcination temperature. The thickness increase induced by
porosity in relation to the thickness of the dense, pore-free films is used to estimate
the volume fraction of pores as given in Table 3.3. For all annealing temperatures,
the same density of the crystalline phase is assumed. Thus, the porosity decreases
from about 15 vol% in YDZ-650 to zero in the dense films, as indicated in the pre-
vious work [189].











Figure 3.31: TEM cross-section bright-field images of a) YDZ-650, b) YDZ-850, c)





Figure 3.32: TEM cross-section bright-field image of a FIB lamella of YDZ-1600.
The field of view shows one of the electron transparent window of the lamella con-
sisting of two grains and a single grain boundary on the right-hand side.
during the heat treatment at 1600 °C necessitated the re-preparation of this spec-
imen. The second specimen was only dip-coated 7 times. Consequently, the final
thickness of 270 nm is slightly lower than the thickness of the other thin-film speci-
mens.
The estimated size of grains in YDZ-650 was measured on the basis of HRTEM im-
ages, since conventional bright-field images could not be evaluated reliably due to the
small size of the grains with respect to the TEM sample thickness. Grain-size distri-
butions for the specimens YDZ-850 – YDZ-1350 were determined by the analysis of
plan-view bright-field TEM images. Therefore at least 200–300 different grains were
evaluated by the following procedure. The grain-boundary distributions of those
bright-field images were determined using automated image-processing techniques.
Next, the grain boundaries were displayed as threshold images. The projected grain
area A of individual grains within those threshold images was approximated by a
circle with the diameter d = 2r = 2
√
A/.
Fig. 3.33 shows the resulting grain-size distributions of YDZ-850, YDZ-1000, YDZ-
1250, and YDZ-1350. For better comparability, the distributions were normalized
with respect to the number of evaluated grains. All specimens exhibit normal grain
growth, as can be concluded from the unimodally distributed grain sizes (only one
defined maximum in each grain-size distribution), independent of the final annealing
temperature.
Both, the mean grain size for each specimen as well as the standard deviation, which
are summarized in Table 3.3, were determined from the distributions in Fig. 3.33.
Both values strongly increase from the nanoscale to the microscale with increas-
ing annealing temperature. For YSZ-1250 and YDZ-1350, the average grain size





Figure 3.33: Grain-size distributions of a) YDZ-850, b) YDZ-1000, c) YDZ-1250,









YDZ-650 450 5 15.4
YDZ-850 420 14.2 ± 3.6 7.7
YDZ-1000 400 35.9 ± 12.3 2.6
YDZ-1250 390 334.9 ± 116.6 -
YDZ-1350 390 547.6 ± 186.9 -
Table 3.3: Microstructural characteristics of the YDZ thin films.
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Porosity
A further important point of interest is the visualization of any remaining porosity,
which might be present due to the fabrication procedure. Since TEM bright-field
as well as dark-field imaging are inappropriate due to the strong dynamical effects,
depending on local thickness and orientation, HAADF STEM imaging was utilized
to visualize local changes of the density due to porous regions. Since porous regions
do not scatter any primary electrons in comparison to the dense YDZ grains, pores
will appear darker in comparison to the dense ceramic regions. The sapphire sub-
strate appears much darker in comparison to the YDZ due to the lighter ions on the
cationic sublattice.
Representative dark-field STEM images of the specimens with significant porosity,
i.e., YDZ-650, YDZ-850, and YDZ-1000, are presented in Fig. 3.34. In all three
specimens pores with dimensions similar to the mean grain size are found. This
becomes obvious if one compares the HAADF STEM images of Fig. 3.34 with the
corresponding bright-field images presented in Fig. 3.31 (same magnification). The
YDZ thin films annealed at temperatures exceeding 1000 °C were found to be free
of pores with the exception of very few and tiny interstices between several grains
observed in bright-field imaging.
The layered morphology of YDZ-650, which was observed in bright-field cross-section
images (Fig. 3.31a), is also recognizable in the STEM image (Fig. 3.34a) of this spec-
imen. From this STEM image, it can be concluded that the morphology is char-
acterized by variations of the density of the thin film parallel to the surface of the
film. Equidistant layers of higher density than the average are followed by a more
porous layer. This is indicated by a slight increase of image intensity as shown in
the plot in Fig. 3.34a. This plot visualizes the averaged image intensity parallel to
the interface substrate/YDZ thin film.
It has to be noted that not all 10 sublayers are present in the field of view of
Fig. 3.34a. The uppermost two sublayers of the thin film were etched away during
Ar+-ion etching in the displayed region of the TEM sample. The dashed line repre-
sents the initial surface of the thin film. The slight decrease of the overall intensity
is explained by the wedge shape and thus the local thickness of the TEM sample
(standard preparation).
In contrast to the bright-field image (Fig. 3.31b), the HAADF STEM image of YDZ-
850 (Fig. 3.34b) also demonstrates such density variations due to the 10-fold dip-
coating procedure. This is visualized by the overlaid plot of the averaged image
intensity, which reveals 10 nearly equidistant maxima indicating density variations
parallel to the thin film/substrate interface.
Since the grain size and thus pore size in YDZ-1000 reaches the thickness of the in-
dividual sublayers, the layered morphology is not present anymore in this specimen
(cf. Fig. 3.34c). It has to be mentioned that both, YDZ-850 and YDZ-1000 were
prepared by the FIB lift-out preparation technique, resulting in plane-parallel TEM
samples with more homogeneous thickness in comparison to the YDZ-650 TEM
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Figure 3.34: HAADF STEM cross-section images of a) YDZ-650, b) YDZ-850, and c)
YDZ-1000. In a) and b) the averaged (parallel to the substrate/thin film interface)
image intensity is overlaid to visualize the intensity variations in the thin films




















Figure 3.35: a) SAED patterns of a single grain of YDZ-1350 aligned along the [111]
ZA. b) Debye SAED pattern of YDZ-1000: the faint ring of additional {112} reflec-
tions marked by the arrow in b) is presented in the insert with enhanced contrast.
The dotted ring corresponds to the smallest objective aperture that was used for
dark-field TEM imaging (see next part).
3.3.2 Structure
Crystal Structure
To gain information about the phases present in the sol-gel derived YDZ thin films,
SAED was performed in addition to XRD as outlined in § 2.2.1. To record single-
crystallite SAED patterns of YDZ-1250 and YDZ-1350 along specific directions the
smallest SA aperture with a diameter corresponding to about 220 nm was used. This
procedure yields the possibility to directly visualize double-diffracted reflections in
thin TEM sample regions and thus to clearly identify tetragonal symmetry in the
material as discussed by Butz and co-workers [15]. In contrast, larger SA aper-
tures in combination with plan-view TEM samples had to be used to obtain Debye
diffraction patterns of the specimens with grain sizes smaller than the smallest SA
aperture, i.e., YDZ-650, YDZ-850, and YDZ-1000.
Fig. 3.35a shows a SAED pattern obtained from a single grain of YDZ-1350 (plan-
view TEM sample) along the [111] zone axis. In accordance with the thick-film
electrolytes (cf. Fig. 3.5) the observed reflections are induced by the presence of
the cubic and a tetragonal-type phase if one assumes three variants with the c-axis
aligned parallel to all three cubic ⟨100⟩ axes. For simplicity the cubic indexing
scheme is used in Fig. 3.35. Further SAED patterns of this sample along the [114]
and [233] zone axes (not shown here) do not yield any indication for the presence
of the monoclinic phase. The same findings hold for YDZ-1250. As outlined in
more detail in Ref. [15], the inner ring of {110} reflections in Fig. 3.35, which are
kinematically forbidden both for the cubic and the tetragonal phase, disappears in
very thin TEM sample regions indicating double-diffracted reflections.
Debye electron diffraction patterns were recorded for the specimens annealed at
temperatures T≤1000 °C. Representative for these specimens, a Debye pattern of
YDZ-1000 is shown in Fig. 3.35b. This diffraction pattern consists of homogeneous
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rings of reflections due to the large number of simultaneously illuminated nano-scaled
grains which were selected by the SAED aperture. The strongly excited rings of re-
flections marked by white indices are, as in Fig. 3.35a, mainly induced by the cubic
phase. Nevertheless, a faint ring of {112} reflections, which is the most pronounced
type of additional reflections by any tetragonal phase, can be barely recognized. For
better visualization, this ring (marked by the arrow in Fig. 3.35) is shown enlarged
and contrast enhanced in the insert.
Any splitting of reflections that would indicate different lattice parameters for the
cubic and the tetragonal-type phase can not be resolved within the accuracy of this
technique.
SAED studies of specimen YDZ-1600 are of particular interest because this thin film
was heat-treated at 1600 °C in the pure cubic phase field according to the published
data. However, reflections due to tetragonal symmetry are also clearly visible in
single-crystallite SAED patterns of YDZ-1600.
Distribution of the Tetragonal Phase
The distribution of the tetragonal phase is visualized by dark-field imaging using
kinematically allowed {112} intensity. Small precipitates of the tetragonal phase are
observed in all films (Fig. 3.36) as for microcrystalline 8YDZ and 10YDZ (cf. § 3.2.2).
For YDZ-650, YDZ-850, and YDZ-1000 with nanoscaled grains, the smallest avail-
able objective aperture was positioned on the ring of {112} reflections as indicated
by the dotted circle in Fig. 3.35b. Despite the small aperture size, contributions of
the rings of {022} and {002} reflections could not be completely excluded, resulting
in localised bright contrast due to the cubic matrix of specific grains. Whereas dark-
field images of single grains of YDZ-1250 and YDZ-1350 were obtained by aligning
single grains close to g⃗ ={224} two-beam condition with strongly excited {112} re-
flections.
The presence of the cubic phase in the dark-field images using {112} reflections is
shown in Fig. 3.36a and b for YDZ-650 and YDZ-850 exhibiting the smallest grains.
The bright regions, marked by arrows in both images, with sizes of about 5 and
15 nm, respectively, are due to the cubic matrix of grains with strongly excited
{002} or {022} reflections. These regions show high intensity due to the high struc-
ture factors of the {002} and {022} reflections.
Furthermore, in all other regions of the two images homogeneously distributed in-
clusions with intermediate contrast (within the dark cubic matrix of the grains) are
found. They are due to tetragonal-type precipitates with sizes of a few Å. The
change of contrast of the inclusions in different regions of both images may be re-
lated to different orientations of the embedding grains and thus to different local
excitation of the {112} reflections of the tetragonal phase. The continuous increase
of the density of precipitates from the upper right to the lower left corner is caused
by the increasing sample thickness and thus increasing number of projected precip-
itates.
Centred {112} dark-field images of single grains were obtained for the specimens
with microscaled grains, i.e., YDZ-1250, YDZ-1350, and the reference specimen
YDZ-1600, by orienting the grains close to a ⟨110⟩ ZA (g⃗ ={224} two-beam condi-














Figure 3.36: Dark-field TEM images of a) YDZ-650, b) YDZ-850, c) YDZ-1250,
e) YDZ-1350, and f) YDZ-1600. d) Bright-field TEM image of the same region of
YDZ-1250 as shown in c) to visualize the grain boundary in the field of view. The
arrows in a) and b) mark contrast contributions due to reflections of the cubic phase
indicating the cubic matrix of single grains.
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precipitates in YDZ-1250. The grain boundary is for better visibility depicted in the
corresponding bright-field TEM micrograph (Fig. 3.36d). While the lower left grain
was ideally oriented for dark-field imaging (high contrast in Fig. 3.36c), the upper
right grain shows lower contrast due to the misalignment. Nevertheless, contribut-
ing {112} reflections could be selected by the objective aperture for both grains.
Fig. 3.36c demonstrates the homogeneous distribution of the tetragonal precipitates.
The density of tetragonal inclusions inside the grains and close to the grains bound-
ary is homogeneous. This finding also applies to all other specimens.
Due to the large grain sizes in YDZ-1350 and YDZ-1600, the bright regions in
Fig. 3.36e and f show the distributions of tetragonal precipitates within single grains.
In contrast to all other thin-film specimens coarsened tetragonal precipitates are ob-
served in YDZ-1350 as visualized by the inhomogeneous distribution of the bright
regions.
Despite the high annealing temperature in the pure cubic phase region, sample
YDZ-1600 also shows nanoscaled inclusions of the tetragonal phase that are homo-
geneously distributed, as it was found for the specimens YDZ-650 – YDZ-1250.
Furthermore, the increase of the density of tetragonal-type precipitates was found in
YDZ-1600 in the vicinity of grain boundaries as well as at the interface between film
and substrate. This is shown in the dark-field images in Fig. 3.37. The field of view,
depicted in the images, shows the region close to the grain boundary that is visible
in the bright-field image in Fig. 3.32. Both grains could be aligned optimal for the
imaging of the tetragonal phase using a {112} reflection. The cloudy contrast of
the substrate in the lower dark-field image is due to damage induced by the Ga-ion
milling during FIB sample preparation. Such distinct contrast was not found in
conventionally prepared samples.
In summary, it was found, that tetragonal nanoscaled precipitates are homoge-
neously distributed in most of the specimens (YDZ-650 – YDZ-1250 and YDZ-
1600) independent of grain core or grain-boundary regions. These precipitates tend
to agglomerate in YDZ-1350. An increased density of tetragonal precipitates was
found in YDZ-1600 in the vicinity to grain boundaries as well as at the interface
film/substrate.
3.3.3 Chemistry
Composition of the Sol-Gel YDZ Thin Films
According to the sol-gel based process that was utilized to prepare the YDZ thin
films, the dopant distribution on the cationic sublattice was assumed to be homoge-
neous. To determine the mean ratio of Y3+ and Zr4+ ions and thus the stoichiometry
of the thin films after each calcination, quantitative EDXS analyses using a scanning
electron microscope (primary energy of electrons 30 keV) were performed by illumi-
nating large sample regions for recording the EDX spectra. This procedure is ex-
pected to yield minimized orientation effects on the obtained spectra. Representative
background-subtracted spectra of the different specimens in the energy range of 14–
18.5 keV are presented in Fig. 3.38. This spectral range contains both the Y and Zr
K and K emission lines as indicated. For better comparability, each spectrum













Figure 3.37: Dark-field images of the FIB lamella of YDZ-1600 (cf. Fig. 3.32) show-
ing the distribution of tetragonal-type precipitates in the vicinity of the grain bound-
ary and at the interface to the substrate. The lower micrograph shows the region
at the interface between YDZ thin film and sapphire substrate. The upper image
shows the surface-near region.
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Figure 3.38: Representative SEM EDX spectra of large areas of the YDZ thin films
in the energetic range of 14–18.5 keV depending on the heat treatment (primary
electron energy 30 keV).
the Y-K and Zr-K lines in the different spectra are nearly identical. It can therefore
be concluded that the dopant concentration is similar in all specimens, independent
of the temperature of the final heat treatment.
First quantitative evaluations of these EDX spectra yielded a dopant concentration
of 16.6±0.6 at% Y3+ on the cationic sublattice in the YDZ thin films corresponding
to 8.3 ± 0.3mol% of Y2O3. This value was calculated by averaging the values for
each thin film. This value is slightly higher than the value expected from the prepa-
ration of the sol-gel precursor by weighting out the basic materials, i.e., 14.75 at%
Y.
More thorough quantification of 20 EDX spectra of a cross-section TEM sample
of YDZ-1350, obtained in the CM200 electron microscope, was performed with re-
spect to the as-sintered 8YDZ-AS thick-film electrolyte material with an given Y2O3
content of 8.52mol%. Therefore, Eq. 2.6 (§ 3.2.4) was used with the determined k-
factor of 1.02 (cf. § 3.2.4, page 61). The spectra were obtained from different sample
regions by illuminating a few grains simultaneously. The resulting Y concentrations
derived from these measurements are summarized in Fig. 3.39. The variations in this
distribution are explained by statistical limitations due to the counts in the Y K
peak. The number of counts in this peak was about 3000–4000. Hence, the mean
value of the quantified Y content of these 20 spectra arises to 14.6±0.3 at% Y3+
(7.3±0.2mol% Y2O3) on the cationic sublattice. This value is in excellent agree-
ment with the initially intended dopant concentration of 14.75 at% Y, i.e., 7.4mol%
Y2O3.
The disagreement of the values obtained by analytical SEM and TEM may be due to
geometrical aspects, i.e., the fact that the thickness of the thin films (about 400 nm)
is too small for common quantification techniques (--Z method) with respect to
the interaction volume of the primary electrons (30 kV) in SEM. A further reason
may be secondary absorption and fluorescence, which may have had much more
influence on the quantification of the K emission lines of the cations in analytical
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Figure 3.39: Y contents derived from 20 independent measurements of YDZ-1350.
The calculated mean value of 14.6 at% Y is marked as dotted line.
SEM in comparison to the TEM study.
Only for YDZ-1350, a local reduction of the Y content was found by local EDXS
analyses with the CM200 electron microscope using a small probe size of about 1 nm.
This finding is assumed to be due to inhomogeneities on the cationic sublattice as
observed in heat-treated 8YDZ (8YDZ-H, cf. § 3.2.4). The inhomogeneity of the
distribution of the tetragonal phase in YDZ-1350 (cf. Fig. 3.36e) corroborates this
assumption.
Scanning TEM in combination with electron energy-loss spectroscopy was applied
to analyse possible reactions between the sapphire substrate and the YDZ thin film
in the reference specimen, heat-treated at the highest temperature of 1600 °C (YDZ-
1600). Line-scan experiments with a step size of 1 nm were carried out across the
substrate/YDZ thin-film interface in order to investigate any interdiffusion at the
interface. Using the Al-L2,3 ionization edge, the Al-signal in the YDZ falls below
the detection limit of the applied method in the distance of only a few nm from the
interface, which excludes significant diffusion of Al into YDZ even at the highest an-
nealing temperature. Despite the microstructural conspicuousness of the increased
volume fraction of tetragonal precipitates at the grain boundaries as well as at the
interface to the substrate, any Al could not been detected by analytical TEM tech-
niques in the YDZ film of specimen YDZ-1600.
Grain Boundaries
The thorough characterization of the grain boundaries regarding the segregation
of impurities is of particular relevance for the application of the nanocrystalline
thin films in SOFC structures (cf. § 2.1.2). HRTEM images of representative grain
boundaries of nanocrystalline thin films, i.e., YDZ-850 and YDZ-1000, are shown
in Fig. 3.40. The arrow-marked grain boundaries, representatively shown for all






Figure 3.40: HRTEM images of a) YDZ-850 and b) YDZ-1000 showing oriented
grain with representative grain boundaries.
even applies to YDZ-650, which was annealed at the lowest temperature, indicating
the absence of unreleased carbon residues of the sol-gel precursor at grain boundaries
within the limitation of the applied methods.
EDXS analyses using a fine electron probe with diameters of approximately 1 nm,
in addition performed at numerous grain-boundary and triple-point regions, do also
not indicate the segregation of impurities within the detection limit of 0.1 to 1 at%




4.1 Microstructural Evolution and Decomposition
of 8YDZ
Numerous stable (t-, c-, m-YDZ) and metastable phases (t’, t”-YDZ) in the Y2O3–
ZrO2 system doped with up to 10mol% Y2O3 (cf. § 2.1.2) exist, which result in
a large variety of possible microstructures, as outlined in § 2.1.2. This is summa-
rized by Heuer et al. [5]. The experimental results obtained from the specimens in
this study, i.e., microcrystalline 8.5mol% YDZ, microcrystalline 10mol% YDZ, and
nano- as well as microcrystalline 7.3mol% YDZ thin films, give new insights into
the Y2O3-ZrO2 phase diagram in the vicinity to the c — c+t phase boundary.
A tetragonal-type phase was found to homogeneously precipitate in nanoscaled re-
gions in all as-prepared specimens irrespective of the preparation process and the
dopant content (Fig. 3.6 and 3.36) [15, 35, 191, 192]. In the following, these precipi-
tates will be denoted as TNP (tetragonal nanoscaled precipitate). Furthermore, the
decrease of the volume fraction of these TNPs in microcrystalline YDZ is observed
with increasing dopant content from 8.5mol% to 10mol% by SAED and dark-field
TEM imaging [15, 191]. 16YDZ was found to be pure cubic except short-range or-
dering indicated in SAED [15,191].
Distinct coarsening of the distribution of the TNPs was observed after heat treat-
ing microcrystalline 8YDZ thick-film electrolytes at temperatures of 950 °C (2500 h)
and 1000 °C (1500 h, 3000 h, 5800 h), respectively. It has been also shown by an-
alytical TEM that the microstructural evolution of 8YDZ is accompanied by the
chemical decomposition of the material on the nanoscale. To some extent, a similar
microstructural evolution was observed at higher temperature, i.e., 1350 °C, in the
studied YDZ thin-film specimen YDZ-1350 after 24 h. Coarsening of the TNPs was
not observed for 10YD at 950 °C after 1000 h [15].
It has to be added at this point that the YDZ specimens studied for this investi-
gation, irrespective of the type of specimen, may not have reached thermodynamic
equilibrium if this is defined as absolute minimum of the Gibbs free energy for a
given composition and temperature. This has to be attributed to two facts. First,
the diffusivity for cations in YDZ is rather slow (e.g. 5 nm in 1000 h at 1000 °C,
according to Eq. 4.1 on p. 99) at temperatures below 1200 °C according to several
authors [106–111]. Second, some specimens may have reached a local minimum of
the Gibbs free energy function by the formation of metastable phases during cooling
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(cf. Fig. 4.1a). But it is still an open question whether this metastable state is the
absolute minimum of the Gibbs free energy or not.
For the specimens rapidly cooled from the pure cubic phase field to low temperature
(open symbols in Fig. 4.1a) it is concluded that the formation of the TNPs leads
to such a local minimum of the Gibbs free energy. This seems to be the case inde-
pendent on the composition in the studied dopant range, i.e., 7.3–10mol% Y2O3.
The material does not have the opportunity to reach the absolute minimum, i.e.
the decomposed state for the YDZ thin films and 8YDZ, within finite time. This is
attributed to the low mobilities of the cations, as mentioned before. No changes of
the microstructure were observed for 8YDZ thick-film electrolytes, which had been
stored in the laboratory at room temperature longer than 5 years.
The microstructure of 8YDZ continuously alters at around 1000 °C. Hence, the spec-
imens 8YDZ-H, 8YDZ-L1500, 8YDZ-L3000 are not in thermodynamic equilibrium
after the heat treatment. Even after 5800 h at 1000 °C (8YDZ-L5800), the material
may not have reached equilibrium state.
Nevertheless, the experimental findings derived from dark-field TEM imaging in
combination with the analytical results substantiate the expansion of the t+c two-
phase field to higher Y2O3 contents, as schematically drawn in Fig. 4.1a. In this
diagram a revised position for the c+t — c phase boundary towards higher Y2O3
contents is presented by the dotted line. Literature data [73] presented in § 2.1.2
indicates that the boundary between the c+t and the pure cubic phase field may
be given by the grey line in Fig. 4.1a (cf. Fig. 2.2). The new phase boundary was
derived from experimental observations of specimens, which did not show any mi-
crostructural change (open symbols) and samples that clearly showed decomposition
(filled symbols). Hence, the revised boundary line has to be situated between the
open and the filled symbols. As discussed later, the grey symbols mark YDZ thin-
film specimens, in which no significant microstructural changes have been found.
Nevertheless, these specimens are expected to be situated in the c+t two phase field
during preparation as well.
A revised position for the phase boundary of the metastable phase diagram between
the pure cubic phase field and the c+t” two-phase field, as proposed by Yashima et
al. [89], can not be deduced from the experimental results of this study. This is due
to the fact that all specimens were characterized at room temperature. Furthermore,
in-situ heating experiments in an transmission electron microscope in principle may
show the disappearance of t”-YDZ at high temperatures. However, common heat-
ing holders for most transmission electron microscopes are limited to temperatures
below 1100 °C. The covered temperature range appears to be insufficient to study
this phase transition at high temperatures.
4.1.1 As-Sintered 8YDZ
Chemical Homogeneity
To prepare dense 8YDZ thick-film electrolytes, the green tapes were sintered at
1550 °C for 2 h [15, 166]. For comparison, a thick-film electrolyte (8YDZ-ASH) was
subsequently homogenized in the pure-cubic phase field at 1700 °C for 4 h to assure
a homogeneous dopant distribution on the cationic sublattice. Except for slightly





































Gibson & Irvine [144]
Figure 4.1: a) Revised Y2O3–ZrO2 phase diagram in the zirconia-rich region (cf.
Fig. 2.2). A new position of the c — c+t phase boundary at higher Y2O3 contents
is proposed. The black cross at 1000 °C marks the solvus of Y in c-YDZ at 1000 °C,
i.e., 9.2mol% as calculated by the lever rule (Eq. 4.1.2 on p. 99) using the estimated
volume fraction of Y-depleted regions in 8YDZ-L5800. The c+t↔ c phase boundary,
as derived from literature [73], is indicated by the grey line. Two solvuses proposed
in literature [119,144] are added.
b) Proposed Gibbs free energy functions at 1000 °C to explain the structural findings
of this study. The curves are deduced from proposed Gibbs free energy functions by
Yashima et al. [89, 146]. The transformation c → t” → t” as observed by Yashima
et al. [146] is indicated.
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treatment, no structural and microstructural differences were found. From this fact
it is concluded that, in combination with the used basic materials, the temperature
of 1550 °C (2 h) is sufficient to chemically homogenize the investigated 8YDZ elec-
trolyte foils.
The chemical homogeneity of an as-sintered 8YDZ specimen 8YDZ-AS was verified
on the nanoscale by combined EDXS/EELS line-scan experiments within the limi-
tations of both methods as shown in Fig. 3.25a and 3.26b. The final accuracy of the
directly quantified Y concentration (cf. Fig. 3.25a) by evaluating the integral inten-
sities of the Y-L2,3 and Zr-L2,3 ionization edges arises to ±3% of the absolute value
(Fig. 3.25). Similar deviations were found for the thickness-corrected integral O-K
signal as measure for the local oxygen content (cf. Fig. 3.26b). The quantification
errors of EELS and EDXS were in detail outlined in § 3.2.4 and 3.2.4.
It was shown that the accuracies of the analytical techniques clearly allow the de-
tection of compositional inhomogeneities in 8YDZ-H. Within the limits of EELS
and EDXS, any lateral inhomogeneity of the Y concentration has to be smaller than
a few percent of the given dopant value. However, signal averaging in the probed
volume at finite sample thickness during the propagation of the primary electrons
in addition limits the resolution.
Formation of t”-YDZ
Despite a dopant content of 8.5mol% Y2O3, the 8YDZ-AS specimen is not com-
pletely stabilized in the cubic phase [15, 35]. Nanoscaled regions with tetragonal
symmetry precipitate homogeneously in the material during cooling to room tem-
perature as visualized by dark-field TEM imaging (Fig. 3.6). The size and density
of the precipitates is independent of the location in the material, i.e., grain-core or
grain-boundary regions.
As outlined in § 2.1.2 two metastable tetragonal phases, i.e., t’-YDZ and t”-YDZ, are
known to form without diffusional processes in the relevant region of the phase dia-
gram (cf. Fig. 4.1a). The diffusionless transformation of c-YDZ into the metastable
t’-phase during rapid cooling of partially stabilized YDZ from the pure-cubic phase
field is well described [73,102,103,134–136,144,148,193]. Larger t’-YDZ grains were
reported to form during the diffusionless transformation of YDZ with Y2O3 contents
up to 7mol%. This is in contrast to the observation of homogeneously precipitated
TNPs in this study. Zhou et al. [141] and Yashima et al. [89, 147,148] observed the
formation of the metastable t”-YDZ at dopant contents of about 7mol% Y2O3.
From the crystallographic point of view t’-YDZ cannot be distinguished any more
from t”-YDZ at 8.5mol% Y2O3. The lattice parameters of t’-YDZ, which linearly
depend on the dopant content, approach the lattice parameters of t”-YDZ and c-
YDZ for this specific dopant content (cf. Fig. 2.5). Hence, no differences of the
lattice parameters of the tetragonal phase and c-YDZ were resolved within the lim-
its of SAED for 8YDZ-AS and the 10YDZ specimens [15].
Temporal fluctuations of the observed TNPs within the cubic matrix of the grains
were shown by recording subsequent dark-field TEM images of the same sample
region (cf. Fig. 3.8). This observation strengthen the assumption of a diffusionless
formation of these regions. In addition, this instability indicate very small differ-
ences in Gibbs free energies between c-YDZ and the observed tetragonal-type phase
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at finite temperature irrespective of the cause. A small difference of the Gibbs free
energy for c-YDZ and t”-YDZ (cf. Fig. 4.1b) was indeed proposed by Yashima et
al. [89] for t”-YDZ.
Any change of the volume fraction of these regions, which would indicate an influ-
ence of the electron beam on crystal structure, could not be detected.
Hence, it is concluded that the homogeneously precipitated regions in 8YDZ-AS (cf.
Fig. 3.6) are t”-YDZ. Although, the two metastable phase can not be distinguished
at 8.5mol% YDZ, it would be inappropriate to denote the observed tetragonal phase
as t’-YDZ.
Comparison to 10YDZ
The microstructure of as-sintered and heat-treated 10YDZ (10YDZ-AS, 10YDZ-H)
is very similar to the microstructure of 8YDZ-AS [15]. In both specimens TNPs
were found, which are homogeneously distributed in the material. These regions
are attributed to the formation of t”-YDZ like in 8YDZ-AS. This necessitates the
expansion of the metastable c+t” two-phase field towards higher Y2O3 contents,
which was proposed to be limited at lower dopant contents by Yashima et al. [148].
This expansion is indicated by the elongated t”-YDZ line (dashed line at lower tem-
peratures) in Fig. 4.1a, which shows the metastable existence of t”-YDZ in YDZ
specimens at room temperature.
As outlined in § 3.2.3, the volume fraction of these coherently embedded regions
could not be derived from SAED patterns or dark-field TEM images. Nevertheless,
both techniques indicate the significant decrease of the volume fraction of t”-YDZ
precipitates with increasing Y2O3 content [15]. In contrast, the oxygen-vacancy con-
centration in YDZ increases with increasing dopant content. From these finding it
is concluded that the TNPs are not necessarily associated with the local presence
of an oxygen vacancy.
From the homogeneous precipitation as well as the temporal instability of the precip-
itates it is assumed that the material is chemically homogeneous as the 8YDZ-AS
specimen. Hence, detailed analytical TEM analyses were not performed on the
10YDZ thick-film electrolyte specimens.
Up to now, it is not clarified completely, if the observed homogeneously distributed
t”-YDZ precipitates exist in the 8YDZ and 10YDZ specimens during the applied
heat treatments. Alternatively, they may form during cooling to room tempera-
ture. Yashima et al. [146] found the t”-YDZ formation in 7mol% YDZ at very high
temperature, i.e., 1400 °C. This is in accordance with the observations in the YDZ
thin-film specimens as will be discussed later. At lower temperatures, the authors
described the isothermal partial transformation of t”-YDZ into t’-YDZ and thus the
coexistence of both phases in YDZ with dopant contents ≤7mol%. This transfor-
mation was not found in the specimens investigated in this study.
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4.1.2 Decomposition of 8YDZ
Coarsening of the TNPs in 8YDZ was observed at 950 °C (8YDZ-H) and 1000 °C
(8YDZ-L1500, 8YDZ-L3000, and 8YDZ-L5800) by dark-field TEM imaging. The
evolution is characterized by the formation of nearly spherical regions of about
10 nm size (cf. Fig. 3.7), which mainly consist of agglomerated TNPs. In these
coarsened regions, the TNPs were observed to exist much more statically than in
between these regions (cf. Fig. 3.9). This may indicate more pronounced differences
of the Gibbs free energy.
The microstructural coarsening is accompanied by the distinct decomposition of
8YDZ. This was clearly demonstrated by combined EDXS/EELS experiments on
the nanoscale (§ 3.2.4) as summarized in Fig. 3.27. It was found that the spherical
coarsened regions are strongly depleted of Y ions. With respect to the measured Y
concentration, it has to be taken into account that the coarsened tetragonal regions
with sizes of about 10 nm are embedded in the TEM sample. Thus, the determined
depletion of Y in these regions might be underestimated. The content of the Y-
enriched surrounding YDZ material was only increased by a few 0.1mol%. This is
due to the small volume fraction of Y-depleted YDZ of about 10 vol%. This slightly
increased dopant content in the Y-enriched YDZ is insufficient to completely stabi-
lize the cubic high-temperature phase at room temperature since.
Heterogeneous or homogeneous nucleation and growth of t-YDZ precipitates with
the equilibrium Y2O3 content (solvus) of a few at% (cf. Fig. 4.1a), which is well
known for partially stabilized YDZ with lower Y2O3 contents [102,113,141,148,193],
does not explain the microstructural evolution in the 8YDZ thick-film specimens.
The size of the spherical coarsened regions even after 5800 h (1000 °C) is very similar
to the the size of these regions after shorter heat treatments, e.g. in 8YDZ-H (cf.
Fig. 3.7a and b). This finding contradicts the model of the nucleation in combination
with the growth of t-YDZ. As an alternative, the observed decomposition of 8YDZ
may be explained by spinodal decomposition.
Spinodal decomposition was previously found for YDZ with dopant contents up to
6mol% as outlined in § 2.1.2. However, analytical data especially at higher Y2O3
contents is missing. Katamura and co-workers [119] and Shibata et al. [120] described
the so-called ”tweed”-contrast in bright-field TEM imaging due to the lamellar mi-
crostructure in 6mol% YDZ specimens. A similar contrast (more speckle-like),
attributed to strain variations in the material, contributes to bright-field TEM im-
ages of 8YDZ-H as shown in Fig. 3.10a [191]. The lamellar microstructure in 6mol%
YDZ results from the spinodal decomposition during heat treatment at 1200 °C for
126 h [120]. The authors state that the final microstructure consists of alternating
c-YDZ and t-YDZ. They observed an increase of the local variations of the Y con-
centration in the lamellae with time by EDXS while the wavelength of the lamellae
remained constant at about 15 nm [119]. Such increase of the compositional varia-
tions is typical for spinodal decomposition according to Cahn’s theory [194]. Finally,
the Y2O3 content within the lamellae was observed to alternate from about 2–4mol%
to about 8mol% at the applied temperature of 1200 °C. From the observed solvus for
Y in the enriched regions, i.e., about 8mol%, Katamura and co-workers predicted
spinodal decomposition to occur up to about 8mol% Y2O3 at 1200 °C [119]. This
solvus (marked in Fig. 4.1a) coincides well with the position of the revised phase
boundary at this specific temperature. A value for the solvus of Y in c-YDZ at
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1500 °C, i.e., 7.5mol%, was proposed by Gibson & Irvine [144]. This value is also
marked in Fig. 4.1a.
In the present study, the 8YDZ specimens were heat-treated at lower temperatures
of about 1000 °C. This low temperature causes comparably low diffusivities for the
Y and Zr ions and thus a longer time for 8YDZ to decompose. The average distance
x, which the cations diffuse in time t can be estimated by an approximate solution
for the second Fick’s law [195]:
x =
√
D ⋅ t =
√
D0 ⋅ t ⋅ e(−
Q
RT ) (4.1)
D0 is a pre-exponential factor of the temperature-dependent diffusion coefficient, i.e.,
3.1× 10−6 m2s−1 for Zr ions [106, 109]. Q represents the activation energy for the
transport of cations in the material. Using an activation energy of 4.5 eV [106–111]
for Zr-ion transport in YDZ, the ratio of the diffusion coefficients and thus the ratio
of the diffusion distances can be determined for two different temperatures. For
1200 °C, as in the study of Shibata et al. [120], and 1000 °C (this study), the ratio
of the diffusion coefficients arises to 260. Hence, the ratio of the diffusion distances
is about 16. This estimation clearly shows that the decomposition of the material
is much slower at lower temperatures of around 1000 °C.
According to the lever rule, a significantly smaller volume of Y-depleted regions is
expected for 8YDZ than for 6YDZ. 8YDZ is situated in the vicinity to the spinodal
at higher Y concentrations, while 6YDZ is situated in the centre of the two-phase
field. The estimated volume fraction of the coarsened regions in 8YDZ-L5800 arises
to about 10 vol% (§ 3.2.3). This imbalance of the volume fractions of the final Y-
depleted and the enriched regions explains the spherical shape of the separated Y-
depleted regions found in 8YDZ-H and 8YDZ-L5800 in comparison to the lamellar
structure in 6YDZ [119]. Nevertheless, the lateral size of the Y-depleted regions in
8YDZ-H and 8YDZ-L is on similar length scale as the width of the lamellae in 6YDZ
observed by Katamura et al. [119]. This finding in addition strengthens the conclu-
sion about the spinodal nature of the observed decomposition. Cahn’s model [194]
on spinodal decomposition predicts constant lateral dimensions of the compositional
variations independent of time and initial composition of the decomposing material.
The variations of the local Y concentration in 8YDZ-H range from about 10 at% Y
(5mol% Y2O3) in the Y-depleted regions to about 18 at% (9mol% Y2O3) in the en-
riched ones (Fig. 3.27). Assuming that the Y concentration in the depleted regions
is underestimated due to signal averaging through the TEM sample, both values
tend towards solvuses, predicted by the observations of Katamura et al. [119] and
the phase diagram [89]. Since the slope of the t — c+t phase boundary is very large
below 1500 °C (cf. Fig. 4.1a) a similar solvus for Y in t-YDZ has to be expected for
1200 °C [119] and for 1000 °C (this study). Hence, the solvus of Y in c-YDZ, i.e.,
Cc-YDZ, and thus the position of the c+t — c phase boundary at 1000 °C can be






Here, Ct-YDZ is the solvus of Y in t-YDZ, i.e., 2–3mol% [73, 89, 97, 121]. Since the
densities of t-YDZ and c-YDZ are very similar (cf. Table 2.1), the ratio of the volume
fractions of both the Y-depleted and enriched regions, i.e., 0.1
0.9
(cf. § 3.2.3), instead
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of the ratio of the resulting mass fractions mt-YDZ
mc-YDZ
was used. Hence, the solvus for Y
in c-YDZ at 1000 °C arises to about 9.2mol% Y2O3. This is in excellent agreement
with the predictions of Hanic et al. [165] who proposed the stabilization of the cubic
phase in YDZ with dopant contents higher than 9.2mol% (1000 °C). The determined
solvus of 9.2mol% at 1000 °C was used to construct the revised boundary line of the
c+t two-phase field in Fig. 4.1a.
Any changes of the tetragonal lattice parameters that have to be expected from
the formation of the t-phase could not be resolved within the detection limits of
SAED. It is assumed that the formation of the equilibrium t-YDZ, which may has
a lower Gibbs free energy (cf. Fig. 4.1b), is prevented in the studied specimens by
the counteracting strain energy that would occur during the transformation in the
coarsened tetragonal regions in 8YDZ-L5800. Hence, the supercooling of YDZ at
room temperature in the dopant range of 7.3–10mol% is insufficient for the nucle-
ation of t-YDZ. Furthermore, strain may also lead to the peculiar constitution of
the depleted regions consisting of both a tetragonal-type and the cubic phase in
contrast to the lamellar structure with separated c-YDZ and t-YDZ in 6YDZ [119].
In the dark-field images of 8YDZ-H and 8YDZ-L5800 (Fig. 3.7) it can be recognized
that the structure factors of the {112} reflection used for the imaging process may
depend on local chemistry. While the contrast within coarsened regions and within
the surrounding material in 8YDZ-H is similar it strongly varies in 8YDZ-L5800
(cf. Fig. 3.7a and 3.7b), which exhibits the advanced stage of decomposition. In
Fig. 3.7b, the TNPs in the coarsened regions are much brighter than the precip-
itates in the surrounding material. This can be explained by the increased shift
of oxygen-ion sites in the tetragonal precipitates within the coarsened and thus Y-
depleted regions.
It has to be noticed that martensitic transformation of any tetragonal phase into
the monoclinic phase [82] could not be observed applying SAED [15]. This is in
accordance with observations of Lanteri et al. [112] and Ciacchi et al. [30] who as-
cribed this behaviour to the large volume increase, resulting in strain-field energy,
that would accompany the phase transformation.
The decomposition on the cationic sublattice has to be accompanied by the rear-
rangement of the oxygen ions in the material due to charge neutrality. Any local
separation of quasi-charged V∙∙O and Y
′
Zr species leads to electrical potentials and
thus to an additional energetic term contributing to the overall energy of the crys-
tal.
Distinct variations of the local oxygen concentration were found by EELS in the
distributions of the O-K signal (Fig. 3.27). The oxygen net signals along the line
scans in the 8YDZ-H (Fig. 3.27b) run inversely to the local Y concentration as ex-
pected from charge neutrality. Furthermore, a more careful analysis of the oxygen
distributions leads to the impression that oxygen vacancies accumulate in the vicin-
ity of the Y-depleted regions. The small arrows in Fig. 3.27b mark regions with low
O-K net signal, i.e., high V∙∙O content. A second reason for the local decrease of the
oxygen signal might be preferential electron-beam induced release of oxygen ions
during the analytical experiments. This may result from varying binding energies or
the influence of strain fields surrounding the coarsened regions. Up to now, such an
artefact cannot be completely excluded. However, a drastic influence of the electron
beam on the local composition during the measurement can be excluded because
the intensity of the HAADF STEM images is homogeneous along the line scans
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immediately after the line-scan experiments as shown in Fig. 3.12b.
In conclusion, the coarsened regions in 8YDZ-H and 8YDZ-L5800 cannot be de-
scribed in terms of the equilibrium t-YDZ phase. Furthermore, the constitution
of the coarsened regions of tetragonal-type and cubic phase may be caused by the
confinement in the surrounding material. Nevertheless, the decomposition of the
material towards the equilibrium solvuses was found by analytical TEM. The TNPs
in the Y-enriched surrounding material are explained by the formation of t”-YDZ, as
it was found in 8YDZ-AS and 10YDZ. These TNPs are already present in 8YDZ-AS
and even in 10YDZ.
4.1.3 Correlation of Chemical Decomposition and Decrease
of Ionic Conductivity
The decrease of conductivity of YDZ with a dopant content of about 8–9mol% is
well-known for many years as outlined in § 2.1.1. From impedance spectroscopy it is
concluded that the degradation of 8YDZ at higher temperatures is mainly caused by
the increase of the bulk resistivity [11,15,31,196]. The microstructural and chemical
decomposition of bulk 8YDZ has been discussed as one reason for this decrease (cf.
§ 2.1.1).
Vlasov & Perfiliev [196] discussed the formation of a phase with low conductivity
in addition to the original phase. However, this low-conducting phase is not further
specified in detail in the manuscript. Ciacchi et al. [30] stated that the reduc-
tion of ionic conductivity in their studied 8mol% YDZ specimen is caused by the
precipitation of t-YDZ during annealing at 1000 °C for 2000 h (similar to 8YDZ-H,
8YDZ-L3000, 8YDZ-L5800). This conclusion is based on several observations. They
had observed the formation of 6 nm large precipitates of an tetragonal-type phase
after heat treatment (2000 h at 1000 °C) by dark-field TEM imaging, which they
denoted as t-YDZ precipitates. Their published dark-field micrographs of the an-
nealed 8mol% YDZ specimen look similar to images of 8YDZ-H and 8YDZ-L5800
at intermediate magnification. At lower magnification the nanoscaled precipitates
in the coarsened regions in 8YDZ-H and 8YDZ-L5800 (Fig. 3.7) appear as contin-
uous tetragonal regions with sizes in the range of 5–10 nm. However, Ciacchi and
co-workers [30,31] found a slight increase of the lattice parameter (< 0.3‰ by XRD
using a Guinier fine focussing camera, Cu K1) of the cubic matrix after the heat
treatment. This increase was interpreted as the enrichment of Y in the cubic matrix
of the grains due to the phase separation and thus the formation of t-YDZ with lower
Y2O3 content. On the other hand, the authors stated that they had not detected
any splitting of reflections neither by XRD nor SAED. In SAED, such splitting of
reflections due to the differences of the lattice parameters of c-YDZ and t-YDZ (cf.
Table 2.1) should be detectable. No information about the identification of t-YDZ
is given in the manuscript. The chemical inhomogeneities in the material due to the
formation of t-YDZ had not been shown by analytical TEM. Further information
about tetragonal-type phases in the as-sintered specimens is not given by the au-
thors.
Several groups utilized Raman spectroscopy for the characterization of the crystal
structure of YDZ [12,148,197]. Hattori and co-workers [12] used Raman spectroscopy
to identify structural changes of YDZ specimens with Y2O3 contents in the range of
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8–10mol%. Additional Raman bands were only observed for 8–9mol% YDZ after
heat treatment at 1000 °C for 1000 h. These were attributed to the formation of a
tetragonal-type (not specified in detail) phase in the material [197], which is dis-
cussed as reason for the decrease of ionic conductivity. The specific Raman shifts of
the maxima due to the tetragonal-type phase coincide well with the observations in
this study.
In accordance with the findings of Hattori et al. [12] no indication for tetragonal-
type Raman bands was detected for 8YDZ-AS (Fig. 3.28a). This shows that Raman
spectroscopy is indeed suitable to detect coarsened tetragonal regions in heat-treated
YDZ. However, it is inappropriate to detect the homogeneously distributed TNPs
in as-sintered 8YDZ and 10YDZ.
Yashima et al. [148] found tetragonal-type Raman bands in YDZ specimens, con-
taining up to 8mol% Y2O3 which were prepared by arc melting. However, according
to Ref. [148] the intensity ratios of these tetragonal-type Raman bands continously
change with increasing Y2O3 content. Hence, an obvious conclusion regarding the
existence and amount of tetragonal-type YDZ in these specimens cannot be drawn.
Furthermore, the complex crystal structure of YDZ in the range of Y2O3 contents
around 8mol% seems to impede the reliable utilization of Raman spectroscopy for
structural analyses.
In the following, the experimental results regarding the chemical and structural de-
composition of 8YDZ on the nanoscale are discussed in the context of the strong
decrease of ionic conductivity in the material. As outlined in § 2.1.1 (Fig. 2.1) 8–9
mol% YDZ exhibits the highest ionic conductivity in the system Y2O3–ZrO2. The
decomposition of 8YDZ on the nanoscale was found to lead to separated Y-depleted
regions (Fig. 3.7) with dopant contents below 10 at% Y (Fig. 3.27) on the cationic
sublattice while the Y2O3 content in the enriched surrounding material is slightly
higher than the defined. The volume fraction of the depleted YDZ was determined
to about 10 vol%.
Assuming a simple model of parallel conduction paths for the Y-depleted and the
enriched YDZ results in a lower bulk conductivity decomp for 8YDZ-H than for as-
sintered 8YDZ if one averages the conductivities of the Y-depleted and Y-enriched
regions according to decomp = 0.1 ⋅ Y-depleted + 0.9 ⋅ Y-enriched. Depending on the
degree of chemical decomposition, which is expected to increase with time, the con-
ductivity of the depleted regions has to decrease during operation.
As outlined in § 2.1.1 a lower conductivity of the Y-depleted regions can be ex-
plained by the reduced oxygen-vacancy and thus charge-carrier concentration. Fur-
thermore, the strain field, surrounding the Y-depleted coarsened regions in 8YDZ-H
and 8YDZ-L5800, may in addition impede the movement of oxygen ions through
the YDZ material. Hence, the mobility of charge carriers has to be expected to be
strongly influenced since the lattice of the as-sintered 8YDZ, which can be expected
to be optimal for oxygen-ion transport, is distorted. However, variations of the local
oxygen content and thus of the local oxygen-vacancy concentration were found in
8YDZ-H by EELS (Fig. 3.27). On the first view, these variations are complementary
to the local Y concentration as discussed in the experimental part. This is necessar-
ily expected from local charge neutrality. On the second view, the localized decrease
of the oxygen signal was found in the vicinity of Y-depleted regions in 8YDZ-H. This
decrease may indicate the accumulation of oxygen vacancies in the strain field of
such coarsened regions. It can be speculated that this accumulation leads to higher
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binding energies and thus to a reduced mobility of these trapped oxygen vacancies.
Clustering of vacancies was found by Kondoh et al. [33] using X-ray absorption
fine-structure analysis (EXAFS). Maybe, these clusters are formed in the vicinity of
the coarsened tetragonal regions in 8YDZ-H explaining the slightly higher vacancy
concentration close to the coarsened regions.
This finally leads to the conclusion that both the concentration of free oxygen vacan-
cies as well as the mobility of these vacancies, respectively, are strongly influenced
by the decomposition of 8YDZ. Any local charge separation would lead to local elec-
trostatical potentials and thus intrinsic electrical fields in the material. Such fields
on the scale of about 10 nm should be detectable by electron holography.
As shown in a precious publication [15, 191], a contoured diffuse background can
be detected in the studied 8YDZ and 10YDZ specimens. This diffuse background
may be explained by short-range ordering and/or clustering of oxygen vacancies
in the material as outlined in § 2.1.1. Such clusters are expected to exhibit higher
binding energies for oxygen vacancies and are thus expected to lead to lower con-
ductivity. Since the increasing intensity of this background with increasing dopant
content was found by SAED, clustering may in addition contribute to the decrease
of ionic conductivity in 8YDZ during heat treatment as predicted by several au-
thors [9, 14, 32–34]. This process cannot be excluded by the experimental results
of this study. However, the influence on ionic conduction is expected to be much
smaller than the above-mentioned one by the decomposition of the material.
As shown by Garćıa-Martin et al. [198] it is difficult to visualize the short-range
ordering in 8YDZ by HRTEM while it may be easier for highly doped zirconia.
The authors only found an average fluorite lattice in homogenized 7.5mol% YDZ.
HRTEM images of 8YDZ-AS and 10YDZ are similar to those presented by Garćıa-
Martin et al. [198]. From dark-field TEM images of 8YDZ-AS and 10YDZ separated
nanoscaled regions with tetragonal symmetry were expected. Instead, tetragonal in-
tensity contributions to the HRTEM images were found to be continuously present
in the whole field of view of an image. This is explained by the temporal instability
of the nanoscaled t”-YDZ as it was found by dark-field TEM imaging. Signal aver-
aging during the exposure of HRTEM images leads to the experimental observation
of an average fluorite type lattice with very weak additional intensity due to the t”-
YDZ precipitates. This also holds for the YDZ thin films, where TNPs were found.
An example HRTEM image, in which the average fluorite type lattice can be seen
along ⟨110⟩, is presented in Fig. 3.40.
4.2 Nanocrystalline YDZ
High-quality nano- and microcrystalline 7.3mol% YDZ thin films with thicknesses
around 400 nm were investigated in this study. The prepared thin films were free of
cracks with excellent adhesion on the sapphire substrates, independent of the final
annealing temperature. This is in contrast to recent studies, in which comparable
chemical deposition techniques were utilized by the authors to prepare nanocrys-
talline 8–8.5mol% YDZ thin films [51, 58, 60, 62, 65] on various polycrystalline as
well as single-crystalline substrates. These publications clearly demonstrate that
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the preparation of crack-free YDZ thin films exhibiting good adhesion is still chal-
lenging. No preferred crystal orientation within the YDZ thin films with respect to
the sapphire substrates was found. This is in contrast to the observations of Miller
& Lange [199] who utilized preferential (regarding the crystal orientation) growth
of YDZ on sapphire substrates to prepare epitaxial films by spin-coating.
Most microstructural properties like film thickness, mean grain size, and porosity as
well as crystal structure and chemical homogeneity of the specimens are relevant for
the interpretation of the electrical characterization [16,167]. Nevertheless, the char-
acterization of the distribution of porosity for example even in chemically deposited
8–8.5mol% YDZ thin films is often missing in literature [51, 61, 62, 65, 68, 200]. As
outlined in the fundamentals (§ 2.1.1), most authors [45–52, 54–56, 58–61, 63, 64, 66,
68, 69, 201] limit the microstructural characterization of their studied 8–9.5mol%
YDZ thin-film specimens to easy-to-apply techniques, e.g. SEM and XRD. In con-
trast to TEM, SEM is an surface-sensitive technique restricted to the investigation
of the surface-near microstructural properties of the prepared thin-film specimens.
As shown for the nanocrystalline thin-films YDZ-650 and YDZ-850 that exhibit a
layered morphology the distribution of pores may vary within specimens prepared
by spin- or dip-coating. Such variations in nanocrystlline materials may be difficult
to detect by SEM even in cross-section samples.
Comprehensive structural and microstructural characterization by TEM is relative
sparse [67,200]. This explains, why most authors [46,49,51,52,57,59,60,63,68,201]
detect only c-YDZ in their 8–9.5mol% YDZ specimens by XRD. It is doubtful that
the specimens in all these studies are pure cubic while other crystal structures are
well-known for microcrystalline 8.5 and 10mol% YDZ. However, the possible decom-
position of YDZ during preparation of thin films makes a thorough characterization
of the microstructure and chemistry on the nanoscale indispensable.
In the following discussion the dependency of grain growth in the thin films on the
final annealing temperature is briefly raised. The main emphasis is on the crys-
tal structure and distribution of phases in the thin films. The alternative to the
sintering of green bodies is the used chemical deposition technique, for which the
specimens are maximal heated up to the temperature of the final heat treatment.
Hence, these specimens yields additional information on the phase diagram in the
targeted dopant range.
4.2.1 Microstructure
The grain size variations in the range of 5 nm to nearly 1 µm in this work is con-
siderably larger than in other studies on YDZ thin films [46,47,49–52,59,63,64,66,
67, 69, 199–205]. The studied YDZ thin-film specimens exhibit unimodal grain-size
distributions indicating normal grain growth (Fig. 3.33). The resulting mean grain
sizes ranging from 5 nm up to 1 µm can be controlled by the thermal treatment.
Porosity of up to 15 vol% (Table 3.3) with pore sizes equal to the corresponding
grain size is present in the samples annealed at temperatures ≤1000 °C (Fig. 3.34).
The presence of pores after the final heat treatment can be understood by consider-
ing the preparation method based on a sol-gel precursor with a considerable volume
fraction of organic material. During the RTA process the organic components of
the precursor are pyrolysed resulting in pores in the samples YDZ-650, YDZ-850,
104
Figure 4.2: Grain growth in YDZ thin films. The straight and dashed lines are
guides to the eyes.
and YDZ-1000. Upon heat treatment the YDZ layers densify, accompanied by grain
growth, resulting in completely dense YDZ films for annealing temperatures exceed-
ing 1000 °C. In comparison with published data on grain sizes of sol-gel derived
YDZ thin films [49, 52, 54, 60, 200] the grain sizes of the nanocrystalline specimens
(YDZ-650 – YDZ-1000) are slightly smaller. Only Gorman & Anderson [200] found
similar grain sizes after comparable heat treatment of their 70 nm thick 8mol% YDZ
thin films.
Grain Growth
Grain growth usually follows a potential law. Consequently, Fig. 4.2 shows an Ar-
rhenius plot of the logarithm of the average grain size and the relative density of the
YDZ thin films as a function of the reciprocal annealing temperature. The region
with porous thin films is shaded on the right side of the diagram. The slope of
the graph of ln(d/[nm]) represented by the straight line for the porous thin films
changes with the annealing temperature. This slope is directly correlated with the
growth rate. While grain growth seems to be limited in the porous thin films, it
is strongly accelerated in the dense samples YDZ-1250 and YDZ-1350. Assuming
negligible size of the YDZ grains in the YDZ thin films immediately after pyrolysis,
grain growth can be described by the equation dn = D0te
(− QRT ) [206]. In this equa-
tion d represents the grain diameter. Q is the activation energy for the predominant
transport mechanism. t is the duration for the heat treatment at temperature T .
The exponent n was found to vary significantly between 2 and 4 depending on the
predominant transport mechanisms in ceramic materials. This exponent cannot be
determined on the basis of the experiments in this study. This is due to the fact
that only the temperature was varied using the same annealing time for all prepared
YDZ thin-film specimens. Hence, the different transport processes for cations, e.g.
surface diffusion in porous thin films or diffusion in the bulk, during the densification
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of the thin films cannot be distinguished.
Plotting ln(d/[nm]) as a function of 1/T in Fig. 4.2 yields a straight line for the
three porous specimens. This indicates that the same processes dominate the grain
growth in these specimens. An acceleration of grain growth is observed for YDZ-
1250 and YDZ-1350, which do not contain pores anymore after annealing for 24 h.
These samples completely densify and coarsen during the heat treatment, which
implies a possible change of both n and Q.
A time-dependent study with samples annealed at a specific temperature but for
different times is necessary to clarify any change of the predominant transport
mechanisms and thus the activation energy. Furthermore, information on the self-
limitation of the grain growth could be derived as observed in nanocrystalline ce-
ramics , e.g. in nanocrystalline ceria [207].
The limitation of grain growth during the densification of microcrystalline ceramic
materials is well known and discussed frequently, e.g. by Yan [208]. The accelera-
tion in grain growth concurrent with full densification for 3YSZ films was observed
by Dı́az-Parralejo et al. [202]. In specimen YDZ-1600, the disrupture of the film is
driven by the interface energies in the system film-substrate-atmosphere as discussed
by Sakurai et al. [203]. From a thermodynamic point of view, at lateral grain sizes
larger than the film thickness, disruption of the film occurs because isolated grains
become more stable than a polycrystalline film.
4.2.2 Chemistry
Grain boundaries in nanocrystalline YDZ electrolytes deserve particular attention
because they might strongly affect the conductivity of SOFC electrolytes. Amor-
phous grain-boundary films due to segregating impurities like alumina or silica may
have a negative impact on ionic conductivity in YDZ as discussed by Aoki et al. [160]
and Kondoh et al. [33]. However, extensive EDXS analyses confirmed within the
detection limits the absence of contaminants in the sol-gel layers investigated in this
study. Applying HRTEM the existence of extensive amorphous phases at the grain
boundaries is excluded. Previous studies confirmed that amorphous grain-boundary
films may act as sinks for yttrium ions [155,156], leading to the local segregation of
yttrium ions in grain-boundary regions. In this case a local increase of the TNPs in
the vicinity of grain boundaries must be expected from the results of the thick-film
electrolytes, where the decreasing volume fraction of TNPs with increasing Y2O3
content was found. However, any local change of the density of the TNPs at grain
boundaries was excluded by experimental observations as shown in Fig. 3.36c. This
result is considered as a further confirmation for the absence of impurities at the
grain boundaries. Significant chemical reaction of the YDZ with the sapphire sub-
strates was not observed, although intensive analytical investigations were performed
across the film/substrate interface and at the grain boundaries, which may act as
potential diffusion path. The locally increased density of TNPs close to the grain
boundaries as well as at the interface to the substrate (Fig. 3.37) may be ascribed to
the in-diffusion of Al into the bulk and at the grain boundaries below the detection
limitations of analytical TEM. Fabrichnaya & Aldinger [152] predicted a low solu-
bility of Al in t-YDZ at high temperature, i.e., 1250 °C. However, the metastability
of tetragonal-type YDZ has not been considered in this theoretical work about the
ZrO2-Y2O3-Al2O3 system. Hence, one can only speculate about the stabilization
106
of t”-YDZ by a small amount of Al, which would lead to the observed increased
density of t”-YDZ precipitates.
In contrast, Kosacki et al. [49,52] ascribed the formation of m-YDZ in sol-gel derived
8mol% YDZ thin films to the reaction with the sapphire substrates at temperatures
above 1100 °C. This has not been confirmed in this study. The changes of the peak
widths and heights of cubic-type reflections, found by Kosacki et at. [49, 52], may
be correlated with the decomposition of their YDZ specimens heat-treated at the
higher temperatures.
4.2.3 Crystal Structure
In the following the properties of the observed tetragonal-type phase in the sol-gel
derived thin films are discussed and compared with the findings obtained from the
8YDZ thick-film electrolytes. The evaluation of the properties of the tetragonal-type
YDZ is of particular interest in the regime of relatively low temperatures (1250 °C
and below) because the specimens do not require high-temperature homogenization
as a consequence of the fabrication method and solidification at low temperature.
The slightly lower dopant content of the thin films in comparison to the 8YDZ and
10YDZ thick-film electrolytes yields additional information on the position of the c
— c+t phase boundary.
SAED patterns of all thin-film specimens (Fig. 3.35) show, in addition to the reflec-
tions of c-YDZ, reflections, which can be clearly ascribed to YDZ with a tetragonal
structure. This is in contrast to the observations of Gorman & Anderson [200] who
studied similar nanocrystalline 8mol% YDZ thin films prepared by spin coating us-
ing a polymeric precursor. However, the intensity of {112} reflections is extremely
weak according to Debye SAED performed in this study (cf. Fig. 3.35b). Hence,
it seems more likely that additional intensities due to tetragonal-type YDZ were
overseen by Gorman & Anderson [200].
The lattice parameters of this non-cubic phase do not differ with respect to c-YDZ
within the accuracy of SAED. A high density of nanoscaled YDZ inclusions with
tetragonal structure and sizes around 1 nm were found to exist coherently embedded
in the cubic matrix of the grains (Fig. 3.36 and 3.37). This microstructure is very
similar to the microstructure found in the as-sintered 8YDZ and 10YDZ thick-film
electrolytes (cf. Fig. 3.36 and 3.37 with Fig. 3.6).
4.2.4 Decomposition
While these precipitates tend to agglomerate in YDZ-1350, the distributions in all
other studied thin films are homogeneous. The coarsening in YDZ-1350 is inter-
preted as indication for the incipient decomposition of the material as it was ob-
served in 8YDZ-H and 8YDZ-L5800. The diffusion distances of cations at 1350 °C
(24 h) by Eq. 4.1 correspond to a few nm. They are on the Å-scale for YDZ-650 –
YDZ-1250 due to the lower annealing temperatures. This indicates that the time of
24 h is too short for the specimens YDZ-650 – YDZ-1250 to show significant inho-
mogeneities in contrast to YDZ-1350. Nevertheless, it is expected that these YDZ
thin-film specimens are situated in the c+t two-phase field as indicated by the grey
symbols in Fig. 4.1a.
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A local reduction of the Y concentration was found by spot EDXS analyses in
YDZ-1350. This in addition strengthens the assumption of the decomposition of
YDZ-1350. Compositional inhomogeneities were not found in the other YDZ thin-
film specimens.
Hence, the observed microstructure of YDZ-650, YDZ-850, YDZ-1000, YDZ-1250,
and YDZ-1600 is interpreted in terms of the precipitation of t”-YDZ as it was found
for the as-sintered 8YDZ and 10YDZ thick-film electrolytes. The observation of
t”-YDZ precipitates in YDZ-1600 must be related to the formation of this phase
during the cool-down process.
The TNPs are not detectable by XRD [189] due to the strong broadening of the
tetragonal-type reflections. This finding is of considerable practical importance.
For the interpretation of conduction phenomena in YDZ in the targeted range of
Y2O3 contents, the amount and distribution of the tetragonal-type phase may has
to be considered. Inhomogeneities in the distribution of the nanoscaled precipitates
may be an indication for the decomposition or compositional inhomogeneity of the
material as found in the 8YDZ thick-film electrolytes after SOFC operation.
4.3 Formation and Stability of Phases near c+t
— c Phase Boundary
In the dopant range of 7.3–10mol% Y2O3, homogeneously distributed, nanoscaled
t”-YDZ precipitates were found in all studied specimens irrespective of the prepa-
ration route. The homogeneous distributions of these t”-YDZ precipitates in most
7.3mol% YDZ thin-film specimens (except YDZ-1350) are similar to the distribu-
tions in 8YDZ-AS and 10YDZ. This clearly shows the consistency of the exper-
imental results regarding the formation of t”-YDZ in the targeted dopant range.
Furthermore, the volume fraction of t”-YDZ next to the cubic phase was found to
decrease with increasing Y2O3 content. 16YDZ was found to be pure cubic. No
indication for the formation secondary phases, e.g. of t”-YDZ, was found in this
specimen. This demonstrates that the TNPs in the specimens with dopant contents
in the range of 7.3–10mol% Y2O3 are with high probability not an artefact induced
by the electron beam.
The decomposition of YDZ was found to occur up to higher Y2O3 contents, as
assumed in literature. This is indicated in the revised phase diagram (Fig. 4.1a).
While 8YDZ-H needs several thousand hours at about 1000 °C, the YDZ thin-film
specimen YDZ-1350 shows significant indications for the decomposition already af-
ter 24 h [192]. This is consistent with thermally activated cation diffusion in the
YDZ material, which is strongly increased at the higher temperature. Since the
thin films were only heat treated for a very short time (24 h), the decomposition of
the thin-film specimens annealed at lower temperatures than 1350 °C is expected in
much longer time.
The nucleation and growth of t-YDZ, as observed at lower Y2O3 contents, is sup-
pressed in all specimens. This is attributed to the strain-field energy and insufficient
supercooling of the specimens impeding the formation of stable nuclei of t-YDZ. Fur-
thermore, t”-YDZ, which was observed to form easily, exists in the material, which
in addition minimizes the overall energy of the material.
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Indeed, Gibbs free energy functions, as proposed by Yashima et al. [89, 146], can
explain the experiment findings of the this study. Gibbs free energy functions for
T =1000 °C are presented in Fig. 4.1b in addition to the revised phase diagram. The
curves are deduced from the proposed Gibbs free energy functions presented by
Yashima et al. [89, 146]:
• Formation of t”-YDZ in all studied specimens with dopant contents in the
range of 7.3–10mol% Y2O3: Narrow Gibbs free energy functions of c- and
t”-YDZ (cf. Fig. 4.1b) in the c+t” two-phase field [148] explain the existence
of both phases at finite temperatures. Moreover, the small size of the t”-YDZ
precipitates can be explained considering the limited volume fraction of t”-
YDZ in the c+t” two-phase field. Due to the small energetic differences of c-
and t”-YDZ, of t”-YDZ is facilitated to nucleate homogeneously in all speci-
mens (7.3–10mol% Y2O3). The easy formation of t”-YDZ in combination with
the limited volume fraction leads to the small size of the t”-YDZ precipitates.
• Temporal instability of t”-YDZ: The small energetic differences between c-
YDZ and t”-YDZ may in addition explain the temporal instability of the
t”-YDZ precipitates. Since the thermal energy kBT at room temperature is
very low, i.e., 25meV, the transformation during TEM investigation may be
induced by the electron beam.
• Increasing volume fraction of t”-YDZ with decreasing Y2O3 content: This is
explained by the differences of the slopes of the Gibbs free energies for t”-YDZ
and c-YDZ with decreasing Y2O3 content. This leads to increasing energetic
difference between both phases with decreasing Y2O3 content resulting in an
increasing volume fraction of t”-YDZ.
• Transition of t”-YDZ into t’-YDZ: This transition was found by Yashima et
al. [89,146] for YDZ with lower Y2O3 contents up to 7mol% Y2O3 as indicated
in Fig. 4.1b. In the present study the range of Y2O3 contents (7.3–10mol%
Y2O3) is too high to facilitate this transition. This means the overall energy
of the material consisting of c-YDZ and t”-YDZ falls below the Gibbs free
energy of t’-YDZ as proposed by Yashima et al. [89, 146]. Hence, both Gibbs
free energy functions for t”-YDZ and c-YDZ are below the Gibbs free energy
function of t’-YDZ.
• Missing nucleation and growth of equilibrium t- and c-YDZ in the targeted
dopant range: The flat slope of the Gibbs free energy function of the stable t-
YDZ in combination with the higher slopes of the Gibbs free energy functions
of c-YDZ as well as t”-YDZ around 8.5mol% Y2O3 impede the nucleation and
growth of the stable equilibrium phases. Instead, a mixture of c- and t”-YDZ
minimizes the crystal energy in this range of Y2O3 contents, i.e., 7.3–10mol%.
Furthermore, the supercooling of the material in the studied dopant range is
expected to be insufficient to facilitate the formation of stable nuclei of the
equilibrium phase. This is attributed to additional energetic contributions like
strain-field energy, which in addition impede the nucleation.
The observation of a homogeneous distribution of TNPs in YDZ-1600 as well as
in the as-sintered thick-film specimens 8YDZ-AS, 8YDZ-ASH, and 10YDZ demon-
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strates that the complete stabilization of the cubic phase can be excluded with high
probability for YDZ with Y2O3 contents up to 10mol%.
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Summary
Y2O3-doped ZrO2 (YDZ) has been the standard solid electrolyte for solid oxide fuel
cells for many years. Nevertheless, important questions regarding the ionic con-
ductivity are still controversially discussed in literature. This concerns in particular
YDZ with dopant contents between 7 and 10mol% Y2O3. The focus of this work was
the microstructural, structural, and chemical characterization of YDZ specimens by
various TEM techniques to contribute to the clarification of these questions.
Thick-Film Electrolytes
To understand the strong decrease of ionic conductivity of 8YDZ at high opera-
tion temperatures (this study: nearly 40% after 2500 h at 950 °C), polycrystalline
8YDZ electrolyte foils (thickness 200 µm) were analysed before and after opera-
tion. In contrast, negligible degradation of the initial conductivity was observed
for 10mol% YDZ (10YDZ) at the same temperature after 1000 h. Impedance spec-
troscopy demonstrates that changes at grain boundaries (e.g. formation of a less-
conducting glassy phase) are not responsible for the degradation of ionic conductivity
of the high-purity 8YDZ specimens in this study. Therefore, changes of the bulk
properties must reason the decrease of conductivity. A proposed explanation is the
decomposition of 8YDZ in the c+t two-phase field of the Y2O3–ZrO2 phase diagram.
This concerns in particular YDZ with dopant contents between 7 and 10mol% Y2O3.
A metastable tetragonal phase (t”-YDZ) was observed in the as-sintered 8YDZ and
10YDZ specimens, coherently embedded in the cubic matrix. The distribution of
t”-YDZ was visualized by dark-field TEM imaging using {112} reflections of the
tetragonal YDZ phase. t”-YDZ homogeneously precipitates in nanoscaled regions
(size ∼1 nm) with a density that does not depend on grain-core and grain-boundary
regions. Temporal fluctuations of the t”-YDZ precipitates were detected in-situ dur-
ing TEM investigation indicating a low energetic barrier between both phases.
In 10YDZ, which does not show degradation of ionic conductivity, no changes of the
distribution of t”-YDZ were found after the heat treatment. In contrast, the local
coarsening of the tetragonal nanoscaled regions was observed for 8YDZ after heat
treatment (2500 h at 950 °C). The size of the coarsened regions in 8YDZ is about
10 nm.
Applying quantitative EDXS and EELS line-scan measurements, the chemical de-
composition of 8YDZ on the nanoscale was clearly shown after degradation. Analyt-
ical TEM studies of as-sintered 8YDZ reveal a homogeneous composition within the
detection limits of the techniques. The coarsened regions, occupying about 10 vol%
in 8YDZ after decomposition, are significantly depleted in dopant cations while the
surrounding material is slightly enriched in Y. The Y2O3 content alternates between
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4mol% in the Y-depleted and 10mol% in the Y-enriched 8YDZ. Hence, it tends to-
wards the solvuses proposed for the equilibrium t- and c-YDZ phases according
to the phase diagram. The local oxygen content was observed to run inversally in
comparison to the local Y content. This is expected from charge neutrality. Further-
more, the distinct decrease of the local oxygen signal was detected in the vicinity to
the coarsened regions by quantitative EELS, indicating the accumulation of oxygen
vacancies close to the coarsened regions in heat-treated 8YDZ.
The variations of the local Y and O concentrations can be correlated with the
reduction of ionic conductivity. The Y-depleted regions are characterized by a re-
duced content of oxygen vacancies. The accumulation of the oxygen vacancies in the
vicinity of the coarsened regions may indicate the reduction of the mobility of the
vacancies. Hence, the mobility as well as the concentration of free oxygen vacancies
are expected to be affected negatively by the decomposition of the material.
However, the formation of the equilibrium t-YDZ in the Y-depleted regions could
not be confirmed by electron diffraction. The relaxation of coarsened Y-depleted re-
gions into equilibrium t-YDZ may be prevented by the confinement in the Y-enriched
cubic matrix, which would lead to a large strain-energy contribution.
YDZ Thin Films
Nano- and microcrystalline 7.3mol% YDZ (7YDZ) thin films (thicknesses ∼400 nm)
were studied to gain information about the electrical properties of YDZ on the
nanoscale. In particular, the contribution of grain boundaries to the overall conduc-
tivity is of interest. Therefore, thin films of high purity were prepared by dip-coating
sapphire substrates using a sol-gel precursor. Grain-size variation within the series
of specimens was achieved by an additional heat treatment after pyrolysis in the
temperature range of 650-1600 °C for 24 h, resulting in homogeneous YDZ thin films
with mean grain sizes in the range of 5 nm to about 0.5 µm. Despite the low-
temperature preparation method, well-crystallized YDZ thin films were obtained
already at 650 °C.
The nanocrystalline specimens (T≤ 1000 °C) exhibit remaining porosity. In these
specimens grain growth appears to be limited while it is accelerated in the thin films
annealed at higher temperatures. EDXS did not yield any indication for impurities
in the grains nor segregation at the grain boundaries, thus confirming chemical ho-
mogeneity and low impurity content of the investigated YDZ thin films.
As in the thick-film electrolytes with slightly higher dopant contents, t”-YDZ was
found to precipitate homogeneously in all studied thin films. The coarsening of the
nanoscaled regions (as in 8YDZ after operation) was also observed incipiently in the
7YDZ thin film, heat treated at 1350 °C (24 h). The microstructural coarsening in-
dicates compositional inhomogeneities in the material due to decomposition, which
were confirmed by local EDXS measurements.
The variation of the average grain size by two orders of magnitude results in a signif-
icant variation of bulk-to-grain boundary volume, thus enabling thorough studies of
the ionic conductivity with respect to the influence of grain boundaries. The series
of films showed a decrease of electrical conduction upon grain-size reduction. This is
attributed to poor charge transport at grain boundaries, which are characterized by
a specific conductivity ranging approximately two decades below the specific bulk
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conductivity. Noteworthy, the specific grain-boundary conductivity is constant in
the thin films with mean grain sizes d≥ 232 nm.
Y2O3–ZrO2 Phase Diagram
The investigation of YDZ with doping contents between 7.3 and 10mol% Y2O3
yields new information regarding the Y2O3–ZrO2 phase diagram. In contradiction
to the assumption of the stabilization of 8YDZ in the cubic phase, a metastable
tetragonal phase (t”-YDZ) was found to form in all specimens up to 10mol% Y2O3
irrespective of the preparation route. Furthermore, the microstructural and chemical
decomposition of 8YDZ and 7YDZ thin films was observed by analytical TEM, while
10YDZ was stable at 950 °C.
Metastable t”-YDZ Nanoscaled t”-YDZ precipitates were observed in all as-
prepared YDZ specimens with of 7.3–10mol% Y2O3. Despite different preparation
routes, i.e., sintering of green bodies (thick-film electrolytes) vs. dip-coating using
a sol-gel precursor (thin films), the crystal structure as well as the distributions of
t”-YDZ in the materials are similar. This indicates the consistency of the observa-
tions regarding the formation of t”-YDZ. In contrast, doping with 15.6mol% Y2O3
leads to single-phase cubic YDZ. The volume fraction of t”-YDZ was found to sig-
nificantly decrease with increasing dopant content up to 10mol% Y2O3.
The formation of t”-YDZ is described in literature for dopant contents up to 7–
8mol% Y2O3. However, the distribution of t”-YDZ in YDZ and the resulting mi-
crostructure was not visualized by TEM yet. In contrast to SAED, the t”-YDZ
precipitates cannot be detected in the studied specimens by XRD despite the sig-
nificant volume fraction of the phase. This is attributed to the small size of the
nanoscaled regions and the small structure factors of the additional reflections of
the t”-YDZ phase.
The findings of this study clearly necessitate the expansion of the coexistence field
of c+t”-YDZ towards higher dopant contents up to at least 10mol% Y2O3. Further-
more, qualitative Gibbs free energy functions for the applied annealing temperature
are deduced from literature data, which explain the decrease of the volume of this
phase with increasing dopant content. The observation of t”-YDZ up do dopant con-
tents of 10mol% Y2O3, which cannot be detected by XRD and Raman spectroscopy,
excludes with high probability the stabilization of c-YDZ at room temperature up
to 10mol% Y2O3.
c+t Two-Phase Field A revised position of the boundary between the c+t and c
phase field was derived. The decomposition of YDZ was shown for 7YDZ thin films
(for temperatures ≤ 1350 °C) as well as for 8YDZ (950 °C). No changes were found
for 10YDZ at 950 °C. While 8YDZ necessitates long time (few 1000 h) to decompose,
the 7YDZ thin-film specimen annealed at 1350 °C showed incipient decomposition
even after 24 h. This is explained by the temperature dependency of the cation
diffusivity in YDZ. Since no microstructural changes were found for the materials
at higher temperatures, a revised position of the c+t — c phase boundary at higher
Y2O3 contents could be defined in the investigated dopant range.
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The decomposition in the c+t two-phase field is discussed in terms of spinodal
decomposition, since the lateral size of the Y-depleted regions did not change sig-
nificantly if the annealing duration was extended from 2500 h to 5800 h (1000 °C).
Indeed, lowering the operation temperature to T≤ 800 °C slows down the process of
decomposition to a minimum without the need to increase the Y2O3 concentration
to obtain completely stabilized YDZ.
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[75] J. Böhm. Über das Verglimmen einiger Metalloxyde. Z. Anorg. Allg. Chem.,
Vol. 149(1), pp. 217–222 (1925).
[76] J. D. McCullough and K. N. Trueblood. The crystal Structure of Bad-
deleyite (Monoclinic ZrO2). Acta Crystallogr., Vol. 12(7), pp. 507–511 (1959).
120
[77] D. K. Smith and H. W. Newkirk. The Crystal Structure of Baddeleyite
(Monoclinic ZrO2) and its Relation to the Polymorphism of ZrO2. Acta Crys-
tallogr., Vol. 18(6), pp. 983–991 (1965).
[78] R. E. Hann, P. R. Suitch and J. L. Pentecost. Monoclinic Crystal
Structures of ZrO2 and HfO2 Refined from X-ray Powder Diffraction Data. J.
Am. Ceram. Soc., Vol. 68(10), pp. C285–C286 (1985).
[79] G. Teufer. The crystal structure of tetragonal ZrO2. Acta Crystallogr.,
Vol. 15, p. 1187 (1962).
[80] R. N. Patil and E. C. Subbarao. Axial Thermal Expansion of ZrO2
and HfO2 in the Range Room Temperature to 1400
∘C. J. Appl. Crystallogr.,
Vol. 2(6), pp. 281–288 (1969).
[81] R. N. Patil and E. C. Subbarao. Monoclinic–Tetragonal Phase Transition
in Zirconia: Mechanism, Pretransformation and Coexistence. Acta Crystal-
logr. A, Vol. 26(5), pp. 535–542 (1970).
[82] M. Rühle and A. H. Heuer. Phase Transformations in ZrO2-Containing
Ceramics: II, The Martensitic Reaction in t-ZrO2. M. Rühle, N. Claussen
and A. H. Heuer (Eds.), Advances in Ceramics: Science and Technology of
Zirconia II, Vol. 12, (pp. 14–32) (American Ceramics Society, Columbus, Ohio,
1984).
[83] D. R. Clarke and A. Arora. Acoustic Emission Characterization of
the Tetragonal–Monoclinic Phase Transformation in Zirconia. M. Rühle,
N. Claussen and A. H. Heuer (Eds.), Advances in Ceramics: Science and
Technology of Zirconia II, Vol. 12, (pp. 54–63) (American Ceramics Society,
Columbus, Ohio, 1984).
[84] C. J. Howard, R. J. Hill and B. E. Reichert. Structures of the
ZrO2 Polymorphs at Room Temperature by High-Resolution Neutron Powder
Diffraction. Acta Crystallogr. B, Vol. 44(2), pp. 116–120 (1988).
[85] F. Frey, H. Boysen and T. Vogt. Neutron Powder Investigation of the
Monoclinic to Tetragonal Phase Transformation in Undoped Zirconia. Acta
Crystallogr. B, Vol. 46(6), pp. 724–730 (1990).
[86] E. C. Subbarao, H. S. Maiti and K. K. Srivastava. Martensitic Trans-
formation in Zirconia. Phys. Status Solidi A, Vol. 21(1), pp. 9–40 (1974).
[87] G. Bansal and A. H. Heuer. On a martensitic phase transformation in
zirconia (ZrO2)–I. metallographic evidence. Acta Metall., Vol. 20(11), pp.
1281–1289 (1972).
[88] G. Bansal and A. H. Heuer. On a martensitic phase transformation in
zirconia (ZrO2)–II. crystallographic aspects. Acta Metall., Vol. 22(4), pp. 409–
417 (1974).
[89] M. Yashima, M. Kakihana and M. Yoshimurar. Meta–stable phase di-
agrams in the zirconia-containing systems utilized in solid-oxide fuell cell ap-
plication. Solid State Ionics, Vol. 86–88(2), pp. 1131–1149 (1996).
121
[90] D. K. Smith and C. F. Cline. Verification of Existence of Cubic Zirconia
at High Temperature. J. Am. Ceram. Soc., Vol. 45(5), pp. 249–250 (1962).
[91] A. Rouanet. C. R. Acad. Sci. Paris Series C, Vol. 267, pp. 395–397 (1968).
[92] M. Chen, B. Hallstedt and L. J. Gauckler. Thermodynamic modeling
of the ZrO2–YO1.5 system. Solid State Ionics, Vol. 170(3–4), pp. 255–274
(2004).
[93] R. C. Garvie. The Occurrence of Metastable Tetragonal Zirconia as a Crys-
tallite Size Effect. J. Phys. Chem., Vol. 69(4), pp. 1238–1243 (1965).
[94] M. G. Paton and E. N. Maslen. A Refinement of the Crystal Structure of
Yttria. Acta Crystallogr., Vol. 19(3), pp. 307–310 (1965).
[95] I. Warshaw and R. Roy. Polymorphism of the Rare Earth Sesquioxides. J.
Phys. Chem., Vol. 65, pp. 2048-2051 (1961).
[96] A. Bartos, K. P. Lieb, M. Uhrmacher and D. Wiarda. Refinement
of Atomic Positions in Bixbyite Oxides using Perturbed Angular Correlation
Spectroscopy. Acta Crystallogr. B, Vol. 49(2), pp. 165–169 (1993).
[97] P. Duwez, F. H. B. Jr. and F. Odell. The Zirconia-Yttria System. J.
Electrochem. Soc., Vol. 98(9), pp. 356–362 (1951).
[98] F. Fu-Kang, A. K. Kuznetsov and E. K. Keler. Phase Relationships in
the Y2O3–ZrO2 System. Part 2. Solid Solutions. Izv. Akad. Nauk SSSR, Ser.
Khim., translation: Otdelenie Khimicheskikh Nauk, Bulletin of the Academy
of Sciences, Division of Chemical Science, Vol. 4, pp. 542–549 (1963).
[99] C. Pascual and P. Durán. Subsolidus Phase Equilibria and Ordering of
the System ZrO2-Y2O3. J. Am. Ceram. Soc., Vol. 66(1), pp. 23–27 (1983).
[100] R. Ruh, K. S. Mazdiyasni, P. G. Valentine and H. O. Bielstein.
Phase Relations in the System ZrO2-Y2O3 at Low Y2O3 Contents. J. Am.
Ceram. Soc., Vol. 67(9), pp. C190–C192 (1984).
[101] G. S. Corman andV. S. Stubican. Phase Equilibria and Ionic Conductivity
in the System ZrO2-Yb2O3-Y2O3. J. Am. Ceram. Soc., Vol. 68(4), pp. 174–181
(1985).
[102] H. Suto, T. Sakuma andN. Yoshikawa. Discussion on the Phase Diagram
of Y2O3-Partially Stabilized Zirconia and Interpretation of the Structures. T.
Jpn. I. Met., Vol. 28(8), pp. 623–630 (1987).
[103] M. Yoshimura. Phase Stability of Zirconia. Ceramic Bulletin, Vol. 67(12),
pp. 1950–1955 (1988).
[104] V. S. Stubican. Phase Equilibria and Metastabilities in the Systems
ZrO2-MgO, ZrO2-CaO, and ZrO2-Y2O3. S. Somiya, N. Yamamoto and
H. Yanagida (Eds.), Advances in Ceramics: Science and Technology of Zir-
conia III, Vol. 24, (pp. 71–82) (American Ceramics Society, Westerville, Ohio,
1988).
122
[105] N. R. Rebollo, O. Fabrichnaya and C. G. Levi. Phase stability of Y +
Gd co-doped zirconia. Z. Metallkd., Vol. 94(3), pp. 163–170 (2003).
[106] Y. Sakka, Y. Oishi and K. Ando. Zr–Hf interdiffusion in polycrystalline
Y2O3–(Zr+Hf)O2. J. Mater. Sci., Vol. 17(11), pp. 3101–3105 (1982).
[107] M. Kilo, G. Borchardt, B. Lesage, O. Kaitasov, S. Weber and
S. Scherrer. Cation transport in yttria stabilized cubic zirconia: 96Zr tracer
diffusion in (ZrxY1−x)O2−x/2 single crystals with 0.15⩽ x⩽ 0.48. J. Eur. Ce-
ram. Soc., Vol. 20(12), pp. 2069–2077 (2000).
[108] M. Kilo, M. Weller, G. Borchardt, B. Damson, S. Weber and
S. Scherrer. Cation Mobility in Y2O3- and CaO-Stabilised ZrO2 Studied
by Tracer Diffusion and Mechanical Spectroscopy. Defect and Diffusions Fo-
rum, Vol. 194–199, pp. 1039–1044 (2001).
[109] M. Kilo, M. A. Taylor, C. Argirusis, G. Borchardt, B. Lesage,
S. Weber, S. Scherrer, H. Scherrer, M. Schroeder and M. Martin.
Cation self-diffusion of 44Ca, 88Y, and 96Zr in single-crystalline calcia- and
yttria-doped zirconia. J. Appl. Phys., Vol. 94(12), pp. 7547–7552 (2003).
[110] M. Kilo, M. A. Taylor, C. Argirusis, G. Borchardt, S. Weber,
H. Scherrer and R. A. Jackson. Lanthanide transport in stabilized zir-
conias: Interrelation between ionic radius and diffusion coefficient. J. Chem.
Phys., Vol. 121(11), pp. 5482–5487 (2004).
[111] S. Swaroop, M. Kilo, C. Argirusis, G. Borchardt and A. H. Chok-
shi. Lattice and grain boundary diffusion of cations in 3YTZ analyzed using
SIMS. Acta Mater., Vol. 53(19), pp. 4975–4985 (2005).
[112] V. Lanteri, A. H. Heuer and T. E. Mitchell. Tetragonal Phase in the
System ZrO2-Y2O3. M. Rühle, N. Claussen and A. H. Heuer (Eds.),
Advances in Ceramics: Science and Technology of Zirconia II, Vol. 12, (pp.
118–130) (American Ceramics Society, Columbus, Ohio, 1984).
[113] A. H. Heuer and M. Rühle. Phase Transformations in ZrO2-Containing
Ceramics: I, The Instability of c-ZrO2 and the Resulting Diffusion-Controlled
Reactions. M. Rühle, N. Claussen and A. H. Heuer (Eds.), Advances in
Ceramics: Science and Technology of Zirconia II, Vol. 12, (pp. 1–13) (Ameri-
can Ceramics Society, Columbus, Ohio, 1984).
[114] R. Chaim, M. Rühle and A. H. Heuer. Microstructural Evolution in a
ZrO2–12 Wt% Y2O3 Ceramic. J. Am. Ceram. Soc., Vol. 68(8), pp. 427–431
(1985).
[115] M. Rühle, L. T. Ma, W. Wunderlich and A. G. Evans. TEM studies
on phases and phase stabilities of zirconia ceramics. Physica B, Vol. 150, pp.
86–98 (1988).
[116] Y. Zhou, Q. L. Ge and T. C. Lei. Diffusional cubic-to-tetragonal phase
transformation and microstructural evolution in ZrO2–Y2O3 ceramics. J.
Mater. Sci., Vol. 26(16), pp. 4416–4467 (1991).
123
[117] T. Sakuma, Y. Yoshizawa and H. Suto. The metastable two-phase region
in the zirconia-rich part of the ZrO2–Y2O3 system. J. Mater. Sci., Vol. 21(4),
pp. 1436–1440 (1986).
[118] M. Doi and T. Miyazaki. On the spinodal decomposition in zirconia-yttria
(ZrO2-Y2O3) alloys. Philos. Mag. B, Vol. 68(3), pp. 305–315 (1993).
[119] J. Katamura, N. Shibata, Y. Ikuhara and T. Sakuma. Transmission
electron microscopy–energy-dispersive X-ray spectroscopy analysis of the mod-
ulated structure in ZrO2–6 mol% Y2O3 alloy. Philos. Mag. Lett., Vol. 78(1),
pp. 45–49 (1998).
[120] N. Shibata, J. Katamura, A. Kuwabara, Y. Ikuhara and T. Sakuma.
The instability and resulting phase transition of cubic zirconia. Mater. Sci.
Eng. A, Vol. 312(1–2), pp. 90–98 (2001).
[121] R. F. Geller and P. J. Yavorsky. Effects of some oxide additions on
the thermal length changes of zirconia. J. Res. Nat. Bur. Stand., Vol. 35, pp.
87–110 (1945).
[122] V. Srikanth and E. C. Subbarao. Acoustic emission study of phase rela-
tions in low-Y2O3 portion of ZrO2–Y2O3 system. J. Mater. Sci., Vol. 29(12),
pp. 3363–3371 (1994).
[123] S. A. Degtyarev and G. F. Vorinin. Solution of Incorrect Problems in
the Thermodynamics of Phase Equilibria. I. The System ZrO2-Y2O3. Russ. J.
Phys. Chem., Vol. 61(3), pp. 317–320 (1987).
[124] S. A. Degtyarev and G. F. Voronin. Solution of ill-posed problems
in thermodynamics of phase equilibria. The ZrO2–Y2O3 system. Calphad,
Vol. 12(1), pp. 73–82 (1988).
[125] K. Kobayashi, H. Kuwajima and T. Masaki. Phase change and mechan-
ical properties of ZrO2–Y2O3 solid electrolyte after ageing. Solid State Ionics,
Vol. 3–4, pp. 489–493 (1981).
[126] F. F. Lange. Transformation toughening. Part 3 Experimental observations
in the ZrO2-Y2O3 system. J. Mater. Sci., Vol. 17(1), pp. 240–246 (1982).
[127] A. H. Heuer, N. Claussen, W. M. Kriven and M. Rühle. Stabil-
ity of Tetragonal ZrO2 Particles in Ceramic Matrices. J. Am. Ceram. Soc.,
Vol. 65(12), pp. 642–650 (1982).
[128] A. H. Heuer and M. Rühle. On the nucleation of the martensitic transfor-
mation in zirconia (ZrO2). Acta Metall., Vol. 33(12), pp. 2101–2112 (1985).
[129] A. Suresh, M. J. Mayo and W. D. Porter. Thermodynamics of
the tetragonal-to-monoclinic phase transformation in fine and nanocrystalline
yttria-stabilized zirconia powders. J. Mater. Res., Vol. 18(12), pp. 2912–2921
(2003).
124
[130] M. J. Mayo, A. Suresh andW. D. Porter. Thermodynamics for nanosys-
tems: grain and particle-size dependent phase diagrams. Reviews on Advanced
Materials Science, Vol. 5(2), pp. 100–109 (2003).
[131] R. H. J. Hannink. Growth morphology of the tetragonal phase in partially
stabilized zirconia. J. Mater. Sci., Vol. 13(11), pp. 2487–2496 (1978).
[132] D. Michel, L. Mazerolles and R. Portier. Electron microscopy observa-
tion of the domain boundaries generated by the cubic→ tetragonal transition of
stabilized zirconia. R. Metselaar, H. J. M. Heijligers and J. Schooman
(Eds.), Studies in Inorganic Chemistry, Proceedings of the Second European
Conference, Vol. 3, (pp. 809–812) (Veldhoven, Netherlands, 1982).
[133] M. Sugiyama and H. Kubo. Microstructure of the Cubic and Tetragonal
Phases in a ZrO2-Y2O3 Ceramic System. M. Rühle, N. Claussen and
A. H. Heuer (Eds.), Advances in Ceramics: Science and Technology of Zir-
conia II, Vol. 12, (pp. 965–973) (American Ceramics Society, Columbus, Ohio,
1984).
[134] C. A. Andersson, J. G. Jr. and T. K. Gupta. Diffusionless Transfor-
mations in Zirconia Alloys. M. Rühle, N. Claussen and A. H. Heuer
(Eds.), Advances in Ceramics: Science and Technology of Zirconia II, Vol. 12,
(pp. 78–85) (American Ceramics Society, Columbus, Ohio, 1984).
[135] V. Lanteri, R. Chaim and A. H. Heuer. On the Microstructures Resulting
from the Diffusionless Cubic −→ Tetragonal Transformation in ZrO2-Y2O3
Alloys. J. Am. Ceram. Soc., Vol. 69(10), pp. C-258–C-261 (1986).
[136] A. H. Heuer, R. Chaim andV. Lanteri. The displacive cubic→ tetragonal
transformation in ZrO2 alloys. Acta Metall., Vol. 35(3), pp. 661–666 (1987).
[137] T. Noma, M. Yoshimura, S. Somiya, M. Kato, M. S. Yanagisawa
and H. Seto. Formation of diffusionlessly transformed tetragonal phases in
rapid quenching of ZrO2–Y2O3 melts. J. Mater. Sci., Vol. 23(8), pp. 2689–2692
(1988).
[138] T. Noma, M. Yoshimura and S. Somiya. Stability of Diffusionlessly Trans-
formed Tetragonal Phases in Rapidly Quenched ZrO2-Y2O3. S. Somiya,
N. Yamamoto and H. Yanagida (Eds.), Advances in Ceramics: Science
and Technology of Zirconia III, Vol. 24, (pp. 377–384) (American Ceramics
Society, Westerville, Ohio, 1988).
[139] M. Yoshimura, M. Yashima, T. Noma and S. Somiya. Formation of
diffusionlessly transformed tetragonal phases by rapid quenching of melts in
ZrO2-RO1.5 systems (R = rare earths). J. Mater. Sci., Vol. 25(4), pp. 2011–
2016 (1990).
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[187] P. C. Löbmann, W. Glaubitt and D. Sporn. Verfahren zur Abscheidung
von Zirkonoxid-Schichten unter Verwendung von löslichen Pulvern. European
patent ep 1 084 992 a1, Fraunhofer-Institut für Silicatforschung ISC.
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M. Luysberg. Microstructure of nanocrystalline Y-doped zirconia thin films
obtained by sol-gel processing. J. Am. Ceram. Soc., Vol. 91(7), pp. 2281–2289
(2008).
• S.J. Litzelman, R.A. De Souza, B. Butz, D. Gerthsen, M. Martin
and H.L. Tuller. Heterogeneously doped nanocrystalline ceria films by grain
boundary diffusion: Impact on transport properties. J. Electroceram., Vol.
22(4), pp. 405–415 (2009).
• B. Butz, R. Schneider, D. Gerthsen, M. Schowalter and A. Rose-
nauer. Decomposition of 8.5 mol.% Y2O3-doped zirconia and its contribution
to the degradation of ionic conductivity. Acta Mater., Vol. 57(18), pp. 5480–
5490 (2009).
• C. Peters, A. Weber, B. Butz, D. Gerthsen and E. Ivers-Tiffée.
Grain-Size Effects in YSZ Thin-Film Electrolytes. J. Am. Ceram. Soc.,
Vol. 92(9), pp. 2017–2024 (2009).
Further Publications
• S. Roy, B. Butz and A. Wanner. Damage Evolution and Anisotropy in
Freeze Cast Metals/Ceramic Composites: an IN-SITU SEM Analysis. Pro-
ceedings of 13th European Conference on Composite Materials (ECCM-13),
paper No. 0303 (2008).
• S. Roy, B. Butz and A. Wanner. In-situ study of damage evolution and
domain level anisotropy in an innovative metal/ceramic composite exhibiting
lamellar microstructure. Acta Mater, submitted April (2009).
133
Contributions to Conferences
• B. Butz, H. Störmer, D. Gerthsen, A. Müller, and E. Ivers-Tiffée.
Correlation between microstructure and degradation of ionic conductivity in
Y2O3-doped Zirconia (Talk). MRS (Boston, USA), 31 November – 3 December
2004.
• B. Butz, H. Störmer, D. Gerthsen, A. Müller, and E. Ivers-Tiffée.
Correlation between microstructure and degradation of ionic conductivity in
Y2O3-doped Zirconia (Talk). E-MRS (Strasbourg, France), 31 May – 3 June
2005.
• C. Peters, E. Ivers-Tiffée, B. Butz, D. Gerthsen, S. Litzelman
and H.L. Tuller. Nanostructured Ionic Materials: Impact on Properties
and Performance (Talk). E-MRS (Strasbourg, France), 31 May – 3 June
2005.
• B. Butz, H. Störmer and D. Gerthsen. Correlation between Microstruc-
ture and Degradation of the Ionic Conductivity in Y2O3-doped Zirconia (invited
Talk). SSI-15 (Baden-Baden, Germany), 17–22 July 2005.
• D. Gerthsen, E. Ivers-Tiffée and H.L. Tuller. Nanostructured Ionic
Materials: Impact on Properties and Performance (Poster). SSI-15 (Baden-
Baden, Germany), 17–22 July 2005.
• D. Gerthsen. D5.1: Electron Microscopy Studies of the Properties of
Nanocrystalline Mixed Conductors (Poster). Zwischenevaluation CFN (Karl-
sruhe, Germany), 2005.
• B. Butz, C. Peters,H. Störmer,D. Gerthsen,A. Weber andE. Ivers-
Tiffée. Mikrostrukturelle und elektrische Charakterisierung von nanokristalli-
nen 8.5mol% Y2O3-dotierten ZrO2 Dünnfilmen (Poster). DGM Tag (Karl-
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ton and R.R. Schröder. Application of a Hilbert phase plate in trans-
mission electron microscopy of materials science samples (Poster). European
Microscopy Congress (Aachen, Germany), 1–5 September 2008.
• B. Butz, R. Schneider, D. Gerthsen, M. Schowalter and A. Rose-
nauer. Metastable phase transitions and the degradation of ionic conductivity
in the system Y2O3-ZrO2 (Talk). SSI-17 (Toronto, Canada), 28 June – 3 July
2009.
• B. Butz, R. Schneider, D. Gerthsen, M. Schowalter and A. Rose-
nauer. Chemical instability as reason for degradation of ionic conductivity
in the system Y2O3-ZrO2 (Talk). Microscopy Conference MC2009 (Graz,
Austria), 30 August – 4 September 2009
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